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ABSTRACT
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Drawing behavior of a high pressure crystallized
chain-extended polyethylene in solid-state extrusion was
studied. Because of the reduced trapped entanglements at
the fold surfaces and inter lamellar links in this
morphology, there was insufficient continuity to provide
stress transfer for effective orientation. Draw
efficiency increases to a maximum of 0.71 when the
polyethylene was crystallized at higher undercoolings.
Tensile moduli were found to be a unique linear function
of molecular draw ratio, measured by thermal shrinkage,
independent of the initial morphology, draw temperatures
and techniques. Electron microscopy of the fracture
surface replicas at low draw showed the coexistence of
undeformed, tilted, partially drawn lamellae and the
generated fibrillar structure. The observations were
consistent with Peterlin's model of plastic deformation.
The question of melting and recrystallization during
x
deformation was studied by small-angle X-ray scattering of
the drawn chain-extended polyethylene. The results showed
that melting and r ecrystallizat ion did not occur for this
morphology
.
A partially dried Nylon 6 gel in benzyl alcohol was
solid-state co-extruded at 150°C up to draw ratio 5.7.
Double orientation was observed in this uniaxial drawing
with the crystal chain axis oriented parallel and
perpendicular to the draw direction. A deformation
mechanism was proposed from the studies of birefringence,
wide- and small-angle X-ray scatterr ings
.
A new drawing technigue for Nylon 6 by reversible
plasticization with iodine was proposed. A complex was
obtained by imbibing a Nylon 6 film in a KI
3
solution. It
was drawn up to 790% elongation at 55 °C and iodine was
removed by titration with sodium thiosulfate to generate
back a drawn Nylon 6 of controlled crystal form. The
complex has a stoichiometry of (Nylon 6) ( Io~)q 24^2^0 35"
X-ray studies showed that interchain hydrogen bonds in
both the crystal and amorphous regions were interupted.
The drawn complex has a new monoclinic crystal structure
with iodine intercalated between the hydrogen bond sheets.
xi
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CHAPTER I
DISSERTATION OVERVIEW
This dissertation studies the drawing of two highly
important and among the most studied commercial polymers:
high density polyethylene and Nylon 6. From the view of
chain conformation, both polymers are similar in the
spatial arrangement of their molecular chains. The
polyethylene (PE) chain is made up of long sequences of
methylene units and Nylon 6 chain has sequences of five
methylene units alternated with amide groups, they are
also arranged in fully extended ziz-zag conformation. Due
to the inherently strong C-C bond and their extended
conf romat ions , both polymers have high theoretical moduli,
300 GPa for PE [1] and 264 GPa for Nylon 6 [2].
Over the last decade, there have been rapid advances
in drawing PE into ultra-high modulus fibers. A
remarkable 222 GPa modulus has been reported [3], which is
undoubtedly an achievement of scientific interest. It was
disclosed, though not yet commercialized, adaptation of
the gel drawing process [4] by industry had produced PE
fibers with modulus higher than that of either steel or
rigid-rod Kevlar fibers when the moduli are compared on
l
per unit volume basis [5]. The development in
ultradrawing had transformed PE from a mere 1 GPa modulus
material into one with modulus approaching its theoretical
limit. The improvement in Nylon 6 drawing is, however,
far behind. Although Nylon 6 has been in existence for
over 50 years, the highest tensile modulus previously
reported is only 14 GPa [6].
PE has a rather low melting point of 142°C whereas
Nylon 6 has an equilibrium melting point of as high as
275°C [7] due to its ability to form interchain hydrogen
bonds between the amide groups. Therefore, if Nylon 6
could be ultradrawnit has the potential for a much wider
temperature range applications. The presence of hydrogen
bonds, although responsible for the higher melting point,
also hinders Nylon 6 drawability. Thus ultra-drawing of
Nylon 6 remains a difficult challenge. To develop new
ways of drawing and perfecting the morphology of Nylon 6
form part of the research program of this dissertation.
Solid-state extrusion is a technique used to
ultradraw polymers. It is similar to the extrusion used
in metal forming process [8]. However, it was the
original study of stress- induced crystallization of PE in
an Instron rheometer by Southern and Porter [9] that
showed its potential as a route to achieve high
orientation and ultra-high modulus polymers. This
technique has been extensively studied and further
3developed in this laboratory to draw a wide variety of
semi-crystalline and amorphous polymers [10]. This
dissertation uses this as a principal technique to draw PE
and Nylon 6
.
Chapter 2 studies the less explored drawing of a
chain-extended PE and with well characterized initial
morphology. Properties of the extrudates are
characterized to elucidate the effect of initial
morphology on drawing. Molecular draw ratio, measured by
thermal shrinkgage, shows unique linear relationship with
tensile modulus and is proposed as a parameter to be used
when comparing moduli of drawn PE by the different drawing
methods. Deformation zone of these extremely thick
lamellae in the fracture surface replicas is examined by
electron microscopy to study the deformation mechanism.
The controversial issue of partial melting and
r ecrystallizat ion during deformation of semi-crystalline
polymers is reexamined in Chapter 3. A small-angle X-ray
scattering study of the chain-extended PE drawn, both as a
function of draw ratio at constant temperature and of
different temperature at constant draw ratio, provide new
insight for this problem.
Chapter 4 reviews the crystal structures of Nylon 6.
Over a dozen structures have been previously reported and
the issue is confusing. This chapter compares the
crystallographic data and comments on validity.
4Perspective is thus provided for the understanding of
structural changes in Nylon 6 drawing in the next two
chapters
.
In Chapter 5, a Nylon 6 gel film, which has a mixture
of fibrillar and lamellar crystal morphologies, is studied
by solid-state co-extrusion. A deformation mechanism is
proposed for the development of the observed double
orientation using a combination of experimental methods:
wide- and small-angle X-ray scatterings, and
birefringence.
A new drawing technique for Nylon 6 is described in
Chapter 6, The objective is to disrupt the interchain
hydrogen bonds to achieve ultradr awing by using iodine as
a reversible plasticizer. Properties of the intermediate
Nylon 6-1 complex have been studied by spectroscopy,
thermal analysis and mechanical methods. From X-ray
study , a structure of the complex is proposed . This
chapter also discusses the role of iodine and the
triiodide ion in the a—>tf crystal transformation. The
potential application of this new drawing technique to
others in the series of aliphatic Nylons is also
discussed
.
Chapter 7 suggests possible future research based on
the studies described above.
CHAPTER II
SOLID-STATE EXTRUSION OF CHAIN-EXTENDED POLYETHYLENE
2 . 1 Introduction
The drawing of PE is a subject of continuing
interest. Over the last decade, rapid advances in
orienting flexible chain polymers to achieve high modulus
and high strength have resulted in the development of
several new drawing technigues. Broadly, these can be
classified into drawing from solid polymers and from
polymer solutions or melts. Tensile drawing of solid
polymers to improve the mechanical properties had a long
history [11], but the strength and modulus obtained had
never reached those achieved by the newer technigues such
as the solid-state extrusion, with or without the use of
pressure transmitting fluid [10, 12-14], solid-state
co-extrusion [15], zone drawing and annealing [16] and
multi-stage drawing of PE single crystal mat [17].
Important developments in drawing from polymer solutions
and melts stem from fibrillar crystal growing and hot
drawing [18], gel fiber drawing [19-21], melt drawing and
5
crystallization under elongational flow [22, 23].
Each of these new techniques draws PE into fibers or
films with vastly improved tensile modulus and strength.
The highest modulus reported to date is 222 GPa from the
drawing of PE single crystal mat [3]. This newly reported
modulus, with crystall inity only 85%, prompted
reconsideration of the usually accepted 300 GPa
theoretical modulus to a more probable value of 400 GPa
[24] .
The reasons that PE has high theoretical modulus are
due to the intrinsic strength of the covalent C-C bonds
since the methylene chains are arranged in extended planar
ziz-zag conformation. Drawing to achieve high modulus
requires efficient alignment of the chains and to
crystallize them into extended conformation in the draw
direction from their random state in the solution or melt.
In the case of drawing of solid semi-crystalline polymers,
the folded chains of the lamellae are unravelled and the
random chains in the amorphous region are stretched.
These extended chains can form crystalline bridges giving
crystal continuity, or become the taut tie molecules as
proposed in the structural models of oriented PE [25, 26].
Most of the orientation studies were done on
chain-folded high density PE with starting lamellar
thickness of <100 nm and with molecular weight ranging
from 10 4 to 10 7 . There have been few reports on the
drawing of PE with chain-extended morphology. One may ask
is chain-extended PE (CEPE) a better starting morphology
to generate the extended chains of the oriented
microfibrils, or can it be more efficiently drawn than the
chain-folded PE? There are two reasons why there are so
few studies on the drawing of CEPE. First, this
morphology can only be obtained from high pressure
crystallization which requires special facility. Second,
CEPE is brittle, tensile drawing in free space fails at
low draw, <6X [27]. However, the solid-state extrusion
technique developed in this laboratory had effectively
drawn brittle polymers such as polystyrene and compacted
PE powder [28, 29] which do not draw well by other methods
With the compression from the plunger and the lateral
constraints imposed on the CEPE billet by the capillary
wall during extrusion, a high draw ratio of 23 was
obtained at 100°C without fracture. This chapter studies
CEPE drawing behavior and the properties of the
extrudates
.
2.1.1 Chain-Extended Polyethylene
When a polymer melt is crystallized, the random
chains can crystallize into either chain-folded or
extended chain conformation depending on the
crystallization condition. Chain folding during
crystallization is kinetically controlled in such a way
8that the lamellar crystal formed is one that maximizes the
crystallization rate and not necessarily of the lowest
free energy state [30]. However, chain-extended lamellae,
with the size of the crystal in the chain direction
essentially equal to the extended chain length, approach
the equilibrium morphology of PE and reportedly for other
semi-crystalline polymers as well [31].
It was reported as early as 1958, when melts of
polytetrafluoroethylene [32] and selenium [33] are
crystallized at very slow rate, chain-extended lamellae of
several /^m thick are obtained. However, slow
crystallization of PE melt at 130°C for 20 to 40 days
produced lamellae with enhanced thickness but only of the
order of 100 nm [34]. Only when a PE melt was
crystallized under pressure of >3kbar, could
chain-extended PE of several *m thickness be obtained [35,
36]. High pressure is necessary to crystallize PE melt
into this morphology. Subsequent studies of other
polymers, such as polychlorotr if luoroethylene [37] and
Nylon 6 [38] also reportedly gave chain-extended lamellae.
A term "anarbaric (meaning up-pressure)
crystallization" was coined by Bassett [39] to describe
the distinct phenomenon associated with crystallization of
PE at high pressure. It was suggested that this term
differentiates from chain-extended morphology obtained by
other processes: from slow crystallization at atmospheric
9pressure [32], from simultaneous
polymerization-crystallization [40] and from the extended
chains of the core of a shish-kebab [41] produced by
flow-induced crystallization.
2 - 1 - 2 High Pressure Crystallization
Since the first report of thick CEPE, the high
pressure crystallization and structure-property
relationship of this morphology have been extensively
studied mainly by the research groups of Wunderlich [42],
Bassett [43], Kanetsuna [44] and Takemura [45]. Over the
years, several excellent reviews [42, 43, 46] have
appeared. It is not the intention of this section to
review this morphology but to highlight the points
essential for the understanding of CEPE drawing behavior.
When PE is melt crystallized at pressure greater than
3 50 MPa and at high temperature, chain-extended lamellae
are obtained [47]. High temperature crystallization is a
result of the increase in melting point with increasing
pressure. The volume and enthalpy changes obey the
Claus ius-Clapeyron equation [35] and the melting point
increases at about 20°C/100 MPa. An empirical equation
for the effect of pressure on melting point, T , was given
by Wunderlich [42] from the fitting of melting point data
in high pressure crystallization of PE:
10
T
m - 415.7 + 28. IP - 1.66P 2 (21)
where P is pressure in kbar and T in Km
T
m
given by this equation agrees reasonably well with that
predicted by the Claus ius-ciapeyron equation only in the
range of 3.5 to 5 kbar.
Depending on the crystallization conditions, crystal
thickness can vary from a few hundred nm to f ew ,um.
Generally, some chain folding is still observed in the
chain-extended lamellae with the exception of low
molecular weight PE which can be crystallized into fully
extended chains. A definition for chain-extended lamellae
has been proposed as those having thickness of more than
200 nm [47]. This thickness corresponds to a PE molecular
weight of
-20,000 and to conditions where crystal
surfaces and chain ends become negligible in affecting the
melting behavior. The melting point is depressed by <1°C.
Crystallization at an intermediate pressure range of 200 -
300 MPa gives a mixture of chain-extended and chain-folded
morphologies while at pressure <200 MPa, only chain-folded
lamellae are obtained [48].
Although high pressure crystallization of PE has been
studied extensively for many years, the crystallization
mechanism is still uncertain. Several explanations
(reviewed by Bassett [46]) put forward had been rejected.
Now it is accepted that crystallization of PE to
chain-extended lamellae involves going through a high
11
pressure hexagonal phase [49]. The presence of this phase
was first observed as an endotherm in high pressure
diffferential thermal anlaysis (DTA) by three research
groups [49-51]. it was Bassett and Turner [52] who
correctly identified it as a hexagonal phase by analogy of
the rotator phase (a hexagonal phase) of n-paraffins. The
presence of this phase was later confirmed from X-ray
diffraction [53]. A phase diagram (Fig. 2.1) constructed
from the observed melting points in high pressure DTA,
shows the temperature-pressure range in which hexagonal
phase exists, and is used as a guide in selecting the
crystallization conditions in the present work.
From the phase diagram, crystallization at a
combination of pressure and temperature above the triple
point where the hexagonal phase exists will give
chain-extended lamellae, conversely, outside this phase
will give chain-folded lamellae. However, in practice it
was found that the hexagonal phase can occur in a
metastable state together with the orthorhombic phase at
temperatures below the triple point. Therefore a mixture
of chain-extended as well as chain-folded lamellae can
form when the melt is crystallized at undercooling below
the triple point which has been shown to vary as much as
18°C [39]. Furthermore, it also depends on molecular
weight and its distribution.
The crystallization conditions used in this work
12
PRESSURE (kbars)
F igur e 2.1. Polyethylene pr es sure- temper ature
phase diagram constructed from melting points of
a high pressure DTA, molecular weight
5X10 [49].
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maintain a constant pressure while the temperature is
varied so that crystallization fell within the hexagonal
phase regime and below the triple point to give intial
morphology with varying lamellar thickness distribution.
2.1.3 Morphology
CEPE is highly crystalline with crystallinity usually
above 0.9, and can approach 1.0 when crystallized at very
low undercooling and for a long period of time. Thermal
behavior by differential scanning calorimetry (DSC) shows
several melting endotherms when samples are heated slowly.
The highest endotherm with peak melting point ~141°c is
predominant in peak area (~90% of total area) and
constitutes the main bulk of the chain-extended lamellae.
The lower melting endotherms occur ing between 125 to 130°C
are from low molecular weight PE which was rejected during
crystallization and was able to crystallize into either
chain-folded [54] or chain-extended lamellae during the
cooling process [55]. The presence of this low molecular
weight fraction has a profound effect on its mechanical
properties and drawability and will be discussed in
Section 2.1.4.
The thickness of the chain-extended lamellae
increases with increasing molecular weight,
crystallization time and most markedly with
crystallization temperature. The distribution of the
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lamellar sizes are usually much broader than those
obtained in either solution grown single crystals or in
melt-crystallized chain-folded crystals [42]. By
comparing the lamellar thickness distribution and its
molecular chain length, it was shown that the chains are
still folded except for the low molecular weight fraction
where the chains can be fully extended [56]. Although
lamellar thickness increases with molecular weight, the
crystallinity decreases because of increasing entanglement
of the chains in the melt during crystallization.
High pressure crystallization can also give
spherulites however, the large extended platelike crystal
is not ideally suited for a perfect spherulite development
[42]. The lamellae splay apart from the center of the
spherulite or from some branch points with the spherulite
center usually not well developed. Because of the large
lamellar size and their brittle nature
, their morphology
can be easily studied in detail from its fracture surface
by electron microscopy of replicas which shows the
typically thick lamellae with striations perpendicular or
inclined at an angle to the lamellar surface. These
striations run parallel to the molecular chain direction
and are surface effect.
The fracture surfaces revealed are the most easily
cleaved (hkO) planes parallel to the molecular chains.
For low molecular weight PE crystallized with high chain
extension and with minimum number of folds, the fracture
surface is usually clean. With increasing molecular
weight, and consequently increased entanglements, chains
are pulled out in the form of fibrous bundles giving a
fracture surface overlaid with fibers.
2-1-4 Mechani cal Properties and Drawing
CEPE is brittle due to the segregation of low
molecular weight fractions, <10 4
, during crystallization.
These populations usually have chains highly extended with
no more than three folds per molecule [39] and are
inherently brittle. They are embedded in the bulk giving
flaws [43] in which fracture can easily occur and
propagate. Drawing then becomes difficult due to the
brittleness. However, if these are removed by
fractionation, the ductility of CEPE is improved and
reportedly draws to <6X at 80°C [27].
There are few drawing studies of CEPE. Mead and
Porter [57] had crystallized high density PE at 490 MPa
and at temperatures between 134 and 220°C. The resulting
billets were solid-state extruded at 120°C to a high draw
ratio of 30. Although the initial morphology was not
fully examined, DSC showed that some of the billets gave
high melting points, presumably due to chain-extended
crystals. Lupton and Regester [58] solid-state extruded
ultra-high molecular weight (~2X10 6 ) CEPE into a mold.
The article obtained was rigid and tough.
This chapter reports in detail the drawing behavior
by solid-state extrusion of CEPE, with well-characterized
initial morphologies. The effect of the initial
morphology on drawing, properties of extrudates and the
deformation mechanism are studied.
2 . 2 Exper imental
2.2.1 Crystallization and Extrusion
An Instron capillary rheometer, model 3210 MCR, with
3/8 inch diameter barrel was used as a
temperature-pressure vessel by blocking the exit for
crystallization. High density PE pellets with narrow
molecular weight distribution (Du Pont Alathon 7050,
M
w
59,000 and M
n
19,000) were compacted in the rheometer
under cyclic loading of 200 MPa at 120°C for 30 min. to
minimise voids trapped between the pellets. lOg of the
pellets were used giving the final billet about 14 cm
long. With this length, variation of crystallization
temperature, T
,
along the rheometer barrel is ± 1°C. The
c
pellets were melted and brought to the desired T
c
after
releasing the pressure. Crystallization was initiated by
raising the pressure from atmospheric to 460 MPa in about
80s. The increase of pressure caused compressive heating r
raising the temperature of the system initially by 2°c.
No correction was made as T
c
was rapidly reestablished.
Crystallizaiton conditions were maintained for 3 hours
followed by cooling with an air jet while the pressure was
held constant. Initial cooling rate was ~4°C /min. At
the constant pressure of 460 MPa, the four T chosen were
c
221, 216, 207 and 198°C, corresponding to a range of
undercooling to give billets of different densities and
crystallinities (Table 2.1)
The resultant CEPE billets, with one end shaved into
conical shape to fit the extrusion die, were solid-state
extruded at 100 ± l°c in the rheometer using a conical
brass die with an entrance angle of 20° at a constant
plunger speed of 0.05 cm/min. A 200g weight was attached
to the end of the extrudate to keep it staight. Details
of this extrusion technigue have been described elsewhere
[59]. The initial 20 cm of the extrudates obtained before
reaching steady-state extrusion was discarded to avoid
imperfection and variation of physical properties. The
extrusion draw ratio, EDR, was measured from the reduction
of cross- sectional area before and after extrusion.
EDR - ( R /R
.
)
2 (2.2)
v
o' l
where R - radius of undrawn billet
o
R - radius of extrudate
l
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2 - 2 - 2 Thermal Analysis and Density Measurements
The melting behavior was studied using a Perkin-Elmer
DSC-II differential scanning calorimeter at a heating rate
of 2.5°C/min. Low heating rate was used to avoid
superheating. A constant sample weight of ~4 mg was used
throughout. Indium and tin were used for calibration.
Densities were measured in a 1 liter density gradient
column using a mixture of ethanol and 1% glycerol solution
in water at 23 °C. Graduation of the column was in 10 ml
giving the density accuracy of ±0.0002 kg/m3 .
2.2.3 Tensile Modulus
Tensile modulus, E, was measured at room temperature
using an Instron tensile tester (model TTM) . Due to the
brittleness of the drawn CEPE, the pressure applied at the
grips in tensile pulling led to fracture. A three-point
bending test was thus used instead at strain
-3 -1
rate ~1.5X10 min
. At small strain, the modulus thus
obtained is equivalent to that by tensile pulling. As the
samples were highly anisotropic, to avoid the end effects
of localized stresses at loading points, samples with
aspect ratio >100 were used [60]. The modulus is given
as
:
4 L3 P
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where d - diameter of extrudate
L - length of sample between end points
P - load
y - displacement of extrudate center
2.2.4 Thermal Shrinkage
Molecular draw ratio (MDR) was measured by thermal
shrinkage experiment [61], conducted by shaving the
extrudates to a thickness < 0.5mm and 1 cm long, followed
by immersion in a silicone oil bath at 180°c for 2 min.
Silicone oil instead of glycerol was used because the
latter was found to swell the samples [62]. Two min.
immersion time was chosen from trial in which shrinkage
due to elastic recovery reached a plateau without the
sample ends changing in shape. On prolong immersion,
further shrinkage can continue to a point where the sample
become circular due to the thermodynamic forces converting
the melt to an equilibrium shape of lowest surface energy
[63]. The length before and after shrinkage were measured
using a travelling microscope to ± 0.005mm.
MDR is defined as:
MDR = +1 (2.4)
L
o
where aL = change in length before and after shrinkage,
L - original length before extrusion.
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2.2.5 Crystal Orientation
A Siemens D-500 X-ray dif f ractometer equipped with a
scintillation counter, operating at 27 mA and 45 kv using
a Ni-filtered Cu K
a
radiation was used to measure the
crystal orientation.
For uniaxial drawing, crystal orientation of the unit
cell axes with respect to the draw direction can be
expressed by the Hermann-Stein orientation function :
3<cos 2 <6> . - 1
f, ~ (2.5)
1
2
where 0 is the angle between the diffraction plane normal
and the uniaxially drawn axis, i - a, b, and c are the
crystallographic axes of the PE orthorhombic unit cell.
Although the orientation function is a convenient index to
characterize orientation, it must be noted that f is an
average value giving the second moment of the orientation
distribution of the a, b, and c axes and therefore is not
unique. Different orientation distribution can exist
2giving the same value of <cos 0>
i
and f
i
[64].
For a perfect orientation, f^ is 1, 0 for random and
-0.5 for perpendicular orientation. Experimental
2determination involves the measurement of <cos 0> from the
azimuthal scanning of the diffracted intensity 1(0) of the
extrudate
,
] K0)-? J I (0) cos 0sin0 d0(cos 0). = " a (2.6)
i
—
J H*) sin0 d0
Direct measurements of <cos 2 0> can only be made if
there are strong diffraction intensities from (hOO)
, (OkO)
and (001) planes respectively. However, for PE, intensity
of (002) diffraction is usually too weak for accurate
measurement except in highly oriented samples. An
indirect method developed by Wilchinsky [65] involving the
azimuthal scanning of (110) and (200) diffractions was
used, in which
<cos
2
0>
a
- <cos
2
0> 2QO (2>7)
<cos
2
<*> b - 1.445<cos
2
0>
11()
- O.445<cos 20> 2OQ (2.8)
From the orthogonal relationship, <cos 0> is given by
c
2 2 2
<cos 0>
a
+ (cos 0> b + (cos 0> c - 1 (2.9)
Desper et al. [66] had shown that f determined by
Wilchinsky' s method agreed very well with the direct
measurement of ( 002 ) diffract ion for solid-state extruded
PE of high draw ratio.
A 0.5 mm to 1 mm thick sample was scanned from
azimuthal angle 0 - 0 to 90" at a scan rate of 0.5" 2 9
/min in a normal beam transmission mode at a fixed 2 9
angles of 21.5' and 24.0" of the (110) and (200)
diffractions respectively. The intensity was corrected
for background and absorption, <cos 2 0> was evaluated from
eguation 2.6.
2.2.6 Lattice Distortion and Crystallite Size
For a large, perfect crystal, the x-ray diffraction
intensity is a sharp spike. With increasing lattice
distortion, and/or smaller crystallite size, the
diffraction profile broadens. Therefore, diffraction
broadening can be a measure of the crystal lattice
distortion and crystallite size.
Scherrer's eguation [67] is often used to determine
the mean crystallite size by assuming the polymer crystals
are relatively perfect and broadening is therefore due to
size alone:
KX
Dhkl " (2
' 10)
p cose
Dhkl * s mean dimension of the crystallites
perpendicular to the (hkl) planes, is the integral
breadth or breadth at half -maximum intens ity in radians , K
is a constant having a value of 0.9 to 1.
Hosemann [68] introduced a distortion parameter
which measures the relative variation between
neighbor ing (hkl) planes
,
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(A
2dKtl )°-
S \: i ' <
dhki
where is the interplanar distance.
When lattice distortion cannot be neglected, then the
overall diffraction broadening, (s«) Q is made up of
broadening due to crystal size, (8s) and distortion,
(Ss)
j j
which incorporates the distortion parameter.
(Ss )o
2
- (8s)
c
2
( 8 s)ll
2
,
(2.12)
where m is the order of reflection.
This equation permits the separation of the
crystallite size from lattice distortion effect if there
are at least two well-resolved orders of reflection for
the (hkl) planes. Plotting of (&s)2Q against m
4
gives a straight line with intercept, 1/Dhkl , and slope,
4 2 —(Trgjj) /d hkl . Therefore, Dhkl and g can be determined
separately.
In the experimental measurement of diffraction
broadening, the Siemens D-500 dif fractometer was carefully
aligned with high precision and with very fine
colliminat ion of the X-ray beam to minimise instrumental
broadening . The anti-scatterer slits were 0.3 and 0.1°,
the divergence and the receiving slits of the diffracted
beam were 0.1 and 0.018° respectively. Hexamethylene
tetramine crystals were used as standard to determine the
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instrumental broadening, found to be 0.08°.
The samples were arranged in a normal beam
transmission mode and step scanned at 0.02° 2 e interval.
Scan time was set such that the total counts at maxima
was
-20,000 and then normalized to improve signal to noise
ratio. The diffraction profile was corrected for
K
a
doublet using Rachinger's method [69] to give breadth
at half maximum intensity, £ . By assuming the broadening
profile to be Gaussian in shape [70], correction of the
experimental profile, B, from instrumental broadening, b,
can be approximated as:
2 2,2£ - B - b
however, if Cauchy profiles are assumed [71]:
/8 = B - b (2.14)
It had been shown that Gaussian approximation agrees
in general with the more elaborate deconvolut ion method
used by Stoke [71]] to within 10%.
For (110) reflection, there is a second order (220)
reflection strong enough to be recorded to allow separate
determination of lattice distortion, g^ and crystallite
size according to equation 2.12.
2.2.7 Transmission Electron Microscopy
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A JOEL lOOkV transmission electron microscope was
used to examine the fracture surfaces. The undrawn
billets and the extrudates were fractured in the center
along the axial direction under liquid N
£ . Replicas were
made for microscope examination using a method of Geil
[71], modified by Minter [72]. The fracture surfaces were
shadowed with C-Pt at 30° and coated with C at 90° angles.
The replicas were stripped with polyacrylic acid which was
subsequently dissolved in water to release them for
examination. Four replicas were made for each undrawn
billet and micrographs were taken at random positions to
measure the lamellae thickness distribution. A
statistical method of Rees and Bassett [54] was used to
compute the number average thickness.
2 . 3 Results and Discussion
2.3.1 Morphology of Undrawn Billets
Table 2.1 lists the crystallization conditions and
the characterization of the four initial billets. They
are listed in order of decreasing T
, 221, 216, 207 and
c
198 °C . Crystallinity , measured from density, is high.
0.94 when T is 221°C and decreases to 0.89 with
c
decreasing T . The heat of fusion data, however, gave
cons i stent ly higher crystallinit ies
.
The examination of fracture surfaces with the
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electron microscope had a dual purpose. it revealed the
characteristic feature of the chain-extended morphology by
exposing the fractured (hkO) surfaces, showing the
striated, long strips of thick lamellae. Thus this
confirmed that the lamellae of the initial billets were
indeed chain-extended
. From the large number of
micrographs taken, guantitative measurements of the
lamellar thickness distribution were made.
Fig. 2.2(a) to (d) shows the histograms of the
lamellar thickness distribution of the four billets. The
distribution is skewed towards lower lamellar thickness
with maxima occur ing ~200 nm. The fraction gradually
decreases with increasing thickness up to 1,400 nm for
billets 1 and 2. However, for billets 3 and 4, there are
no lamellar fractions with thicknesses >800 nm. The
number average thickness, L
,
computed from the histograms
are shown in the last column of Table 2.1. Billet 1 has
the highest L
n
of 480 nm, and L
n
decreases to 280 nm for
billet 4.
The use of micrographs of fracture surfaces to
compute lamellar thickness presents some problems. Not
only is it laborious, but good statistical sampling is
also necessary. The fracture surfaces also inherently
expose mainly the (hkO) planes containing the chain axis
which could be tilted or inclined at an angle to the
lamellar surface. For more accurate measurements,
Figure 2.2(a) to (d) . Histograms of lamellar
thickness distribution of CEPE crystallized at
221, 216, 207 and 198 C respectively.
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Figure 2.3. Transmission electron micrograph of
fracture surface replicas of undrawn billets (a)
T 221°C and (b) T 198°C.
c c
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polystyrene spheres of known diameter must be deposited on
the fracture surface for thickness calibration at local
regions [73]. it was shown that if the fracture surface
is tilted by 30°
,
the error involved by assuming it is
flat is
-13% [74]. A further problem is that the
fracture surfaces tend to under record lamellae of low
thickness especially the chain-folded fractions which do
not fracture well [75]. A more satisfactorily method for
lamellar thickness distribution characterization is the
nitration/gel permeation chromatography (GPC) technique.
The crystal surfaces are degraded by the fuming nitric
acid and the molecular chain lengths are determined by GPC
to give their distribution. This method gives the
distribution in much more detail [76]. Despite the
shortcomings of lamellar thickness distribution measured
from fracture surfaces, when done carefully, it is
reliable and reproducible, and reportedly correlates well
with the nitration/GPC method [77]. In the present study,
it does show the trend of decreasing L
n
with decreasing
V
Fig. 2.3(a) shows the micrograph of a fracture
surface of billet 1, crystallized at 221°C. The fracture
surface is clean showing well ordered, large strips of
thick lamellae. Fig. 2.3(b) is the micrograph of the
fracture surface of billet 4 with the lowest Tc of 198°C.
The surface is relatively clean with small amount of
fibrous overlay. The lamellae
, however, appeared
fragmented and more disordered with lower crystallinity
(Table 2.1). The above observation agreed with the
conclusion of Rees and Bassett [54]. A parallel trend of
forming more disordered lamellae and lower crystallinity
is also observed when a PE of higher molecular weight is
crystallized [78]. The fractured surface in this case
showed large amounts of fibrous overlay which were pulled
out from the lamellae during the fracture process. The
extent of fibrous overlay can be gualitat ively related to
the concentration of tie molecules between lamellae. The
micrographs of our billets showed relatively clean
fracture, suggesting few inter lamellar tie molecules.
This conclusion is also reached from the consideration of
molecular chain lengths and the number of chain folds in
lamellae. The full chain lengths corresponding to the
M
w
and M
n
of Alathon 7050 are 540 and 170 nm respectively
which are of the same magnitude as the measured number
average lamellar thickness. At the highest T
c
of 221°C,
on the average this arithmetic means there is only a
single fold per chain, increasing toward two with
decreasing T . A large portion of the chains must be
c
fully extended and thicker lamellae could have more than
one fully extended chain to make up the thickness.
Interlamellar connection is related to the number of
folds possible [39]. A long chain can either fold back or
be incorporataed into the neighboring lamella forming tie
molecule. The small number of folds per chain suggests
that these thick lamellae exist as near individual
entities with few inter lamellar connections. As T was
c
decreased, the amorphous content increased, as loci where
chain entanglements may likely exist within the fold loops
between lamellae. These trapped entanglements and the
increased inter lamellar links have a profound effect on
the drawing behavior of CEPE , as discussed in Section
2.3.3.
2.3.2 Thermal Analysis
DSC scans of the extrudates are shown in Fig. 2.4 to
2.7. CEPE is known to superheat at high heating rates,
resulting in higher apparent melting points. The small
sample size used and the low heating rate of 2.5°C/min.
minimize this effect. Three to four overlapping
endotherms are observed for the undrawn billets. In
billets 1 and 2, Fig. 2.4 and 2.5, the highest peak
melting point occurs at 141°C corresponding to the melting
of large chain-extended lamellae. Significantly smaller
endotherms are noted at lower temperatures of 129" and
134°C and these have been attributed to chain-folded
fractions [54] or low molecular weight fractions
segregated during crystallization and subseguently
crystallized into chain-extended lamellae during cooling
[55] .
Figure 2.4 to 2.7. Melting endotherms
billets 1 to 4 and their extrudates in
incr eas ing draw r at io
.
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Billets 3 and 4 which are crystallized at lower
temperatures show three endotherms
, Fig. 2.6 and 2.7
The main melting peak centers at 137°c with a higher
temperature shoulder at 140°C and a small endotherm at
131°C. The melting point of 137°C is too high to be due
to chain-folded crystals. On examining the lamellar
thickness distribution of billet 3, Fig. 2.2(c) shows a
bimodal distribution with 3% of the lamellae having a
thickness of ~1 ^m, the majority are between 130 ~400 nm
thick. The endotherm at 137°C is thus likely due to these
thinner chain-extended crystals while the high temperature
shoulder is due to the small fraction of the very thick
lamellae. A bimodal thickness distribution was also
reported by Maeda and Kanetsuna [76] using the more
sensitive nitric acid and GPC method. They detected two
separate fractions, the "ordinary" fraction has thickness
1/3 - 1/2 that of the "highly" chain-extended crystals.
Fig. 2.4 shows the change of melting behavior in
extrusion drawing of billet 1. The highest peak melting
point remains virtually unchanged, decreasing by less than
1°C with increasing draw up to EDR 16.6. The lower
temperature endothermic maxima decreases in magnitude and
merges to become a single smooth endotherm at high draw.
The slight decrease in melting point indicates that
lamellar disruption during drawing is not extensive, and a
substantial amount of lamellae have been observed in
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electron micrographs of fracture surface replicas to exist
udeformed up to EDR 7.4 (Fig. 2.15). At higher draw,
isolated lamellae could still be found embedded in the
fibrillar structure.
The extrudates drawn from billet 2 showed a different
thermal behavior (Fig. 2.5). At EDR 4.1, the highest
melting peak decreases by 2°C to 139. 5°C and this
temperature remains almost constant on further drawing.
The low temperature endotherm is replaced by a peak at
136°C, its magnitude increases with draw, while the high
temperature peak reduces to a shoulder. Here the
destruction of chain-extended lamellae is associated with
a decrease in the high melting peak and the formation of
the fibrillar structure indicated by the simultaneous
appearance of the 136°C endotherm. The associated
decrease in crystallinity on draw is ~7% (Fig. 2.8).
Drawing of billets 3 and 4 with progressively more
disorder and smaller initial lamellae (Fig. 2.6 and 7)
shows a rapid reduction in both the high and low
temperature endotherms leaving a single peak at EDR > 9.1
and > 7.2 respectively. The peak temperature of the
endotherm at 138°C for the thinner chain-extended lamellae
0
decreases initially and increases again reaching 137 C as
draw reaches an EDR of 16.4. Billet 4 shows better
drawability and can be readily drawn to an EDR 23.4
without noticeable fracture.
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In the drawing of conventional chain-folded PE, a
single endotherm is usually observed and the peak melting
point increases reaching a plateau of 139°C
,
contrary to
the decrease of melting point we have observed on drawing
of CEPE. This opposite trend of decreasing melting point
is to be expected as chain-extended morphology approaches
the thermodynamic equilibrium state and the equlibrium
melting point. Any disruption of the lamellae will likely
result only in its decrease. It is noted in Fig. 2.4 to
2.7, there is a tendency of forming a single endotherm and
for the melting point to approach 137°C at high draw even
though the initial morphologies varied. Although a high
temperature shoulder is observed in EDR 16.4 of billet 2,
its magnitude decreases and a single endotherm should be
observed if higher draw can be achieved. The approach to
single endotherm and plateau melting point must therefore
indicate an approach to a common morphology at high draw.
This result is an indication of complete transformation of
lamellae to fibrillar structure at an EDR of 7 to >16 for
the four different initial morphology CEPE.
Transformation is not complete for billet 1 before
fracture occurs.
The DSC measurements were made on samples that are
free to shrink on melting. Unrestrained samples relax and
reorganize prior to melting, causing narrowing of the peak
[79]. The entropic shrinkage has an exothermic component
46
EXTRUSION DRAW RATIO
Figure 2.8. Change of crystallinity as a
function of extrusion draw ratio as measured by
DSC for the four billets.
Figure 2.9. Change of crystal orientation
function f on drawing for the three
crystallographic axes a, b and c for drawn
billets 1 (T « 221°C) ( A , • , ) and 4
207*C) ( a , o , ) ; f of billets 2 (v )
( t ) drawn to EDR 16.4 are inserted for
compar ison
.
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and can account for the measured heat of fusion reduced by
<3% in unrestrained samples. Therefore the
crystallinities from drawn samples shown in Fig. 2.8 are
in actuality a few % higher.
2.3.3 Orientation and Molecular Draw Ratio
Orientation of the extrudates is evaluated by WAXD
and expressed by the crystal orientation function, f
i*
Fig. 2.9 shows the change of f for the three
crystallographic axes a, b and c with EDR for drawn
billets 1 and 4. t Q increases slowly with draw for billet
1 but very rapidly for billet 4, in a way comparable to
the development of orientation in the drawing of
chain-folded PE [80]. Similar behavior is observed in the
development of the a- and b-axis orientation. The a-axis
orients faster than the b-axis at low draw, both reaching
a limiting value of —0.5 at EDR >10. This difference is
clearly shown in the drawing of billet 1, and persists
even at EDR 16.4.
The effect of the initial morphology on orientation
is shown by comparing f of the four billets at the same
c
draw of 16.4 (Fig. 2.9). f increases as the
crystallization temperature of the initial billet is
decreased
.
MDR from thermal shrinkage is an alternate way of
showing the effect of initial morphology on drawing. At a
high heating rate of ~800°C/min , the molecular extension
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produced by drawing can be elastically recovered. The
measurement of the recovery when compared to the initial
length gives the MDR
. This method was reported to
correlate with results obtained by small-angle neutron
scattering in drawn polystyrene [81]. m defining draw
efficiency as the ratio between MDR and EDR, Fig. 2.10
shows that this ratio increases as the crystallization
temperature of initial billet is decreased, reaching a
maximum of 0.71 in solid-state extrusion.
The above results show that highly chain-extended PE
orients ineffectively on draw. The drawability and draw
efficiency appear to be aided by increasing chain
entanglements in the amorphous region in this case. The
effect of entanglements on drawing has received much
attention. Their reduction enhances chain mobilty and can
result in very highly drawn PE such as in the gel fiber
drawing [82], in which the entanglement density is reduced
by solvent dilution. However, the reduction is not
without limit. Severe reduction results in an
insufficient transient network that is reguired to
effectively transfer stresses during deformation [83]. In
melt crystallized PE, the entanglement density is high.
Fischer [84] studied the drawing of melt crystallized PE
and found that higher draws could be obtained if samples
had been crystallized at a higher pressure of 2.85 kbar
.
The increase in drawability was attributed to the
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Figure 2-10. Molecular draw ratio (MDR) vs.
extrusion draw ratio (EDR) showing the effect of
in it ial morphology on ef f iciency of drawing
(MDR/EDR)
.
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reduction in entanglements as a more chain-extended
crystal structure is approached.
In the present study, the approach is from the
opposite end. Highly crystalline CEPE has a lamellar
thickness comparable to its molecular chain length, and
therefore has fewer inter lamellar links and trapped
entanglements. In the extreme, this approaches the
situation of a single crystal mat. For the billet
crystallized at the highest temperature of 221°C, the
drastically reduced entanglements in the amorphous phase
caused the lamellae to slip past each other as whole
entities during drawing, resulting in poor orientation.
The ductility, despite few entanglements, must be due to
the compression and constraint imposed by the solid-state
extrusion process: compacting the lamellae, transfer of
stresses for shearing and forcing chains to unravel on
passing through the conical die during extrusion. For
decreasing T and a consequent increase of amorphous
c
content and entanglements, as in billets 3 and 4,
drawability and draw efficiency increase. An increase of
amorphous content by 5% and lowering the number average
lamellar thickness by half, markedly alters drawing
behavior, almost doubling the drawing efficiency.
2.3.4 Correlation Between Modulus
and Molecular Draw Ratio
Tensile modulus is the property of primary interest
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in ultra-drawn polymers. It is thus desirable if it can
be correlated with a measurable quantity, such as the
orientation function which reflects how well the chains
are aligned in the draw direction. The crystal
orientation function, t Q , generally increases sharply on
initial draw, reaching a plateau value of almost 1.0 at
high draw [80]. it is no longer meaningful to measure
f
c
due to the insensitive measured numerical increase in
this plateau region. Therefore plots of modulus vs f are
c
non-linear. However, the amorphous orientation function,
f
,
can increase more gradually with draw. The use of
f to correlate with modulus has therefore been successful
for amorphous poly ( ethylene terephthalate ) drawn up to 5X
[85]. Here the compliance (1/E) is a linear function of
(1-X
v
)f
a
,
where X
v
is the volume fraction of
crystallinity
.
Several investigators [86-88] had found a linear
relationship between modulus, E, and draw ratio, X , for
PE. Cappacio and Ward [86] found linearity irrespective
of molecular weight and initial thermal history, however,
extrapolation of such plots to the original undrawn state
(A-l) gives a negative modulus. This is due to the fact
that the experimental X does not scale the actual
molecular draw; it is therefore not a fundamental
parameter for correlation.
Grubb [89] had proposed a relationship between E and
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X in the form of
i/E - b + or 2 (2a5)
where B and C are constants, based on a modified
Takayanagi model by incorporating an entanglement
fraction. This reportedly gave a linear fit for drawn
solid PE and dried PE gel. The same eguation was
independently deduced by Fischer et al. [90] from
empirical fitting of their experimental data.
Alternatively, we propose here the use of molecular
draw ratio (MDR) as a fundamental parameter for
correlation with modulus. Fig. 2.11 shows the plot of
modulus of the extrudates vs EDR. Modulus increases with
draw but remains low, 33 GPa for the highest EDR, 23.4,
achieved here. On comparing the modulus at eguivalent EDR
for the four drawn billets, billet 1 showed the lowest
modulus, followed by billet 2. However, extrudates from
billets 3 and 4 showed nearly the same increase of modulus
with draw. Fig. 2.11 thus showed an apparent dependence
of the extrudate modulus on the initial morphology of the
billets. This is because highly chain-extended PE draws
ineffectively with slow development of orientation. Both
billets 1 and 2 have a low draw efficiency of 0.44 and
0.64 respectively, while billets 3 and 4 have a draw
efficiency of ~0.71 which is the limit presently
achievable in solid-state extrusion. Thus equivalent EDR
gave different MDR for each extrudate and therefore the
apparent dependence of morphology.
Fig. 2.12 is a plot of E vs MDR. in this form, the
apparent effect of initial morphology is erased. This
plot includes data from a previous extrusion-draw study
[61] of high molecular weight PE (Marlex 6003, M 250,000)
and on Alathon 7050 drawn by other techniques: viz. by
split billet, by push-pull extrusion and at constant draw
temperatures between 80 and 120°C. Fig. 2.12 shows a
linear relationship with a correlation coefficient of r -
0.97 by least-square fit f and the probability function
[91] , P
c
(r,N)<0.001. This indicates that E linearly
correlates with MDR with high probability. Moreover,
extrapolation to the undrawn state (MDR-1) gives an E of
1.7 GPa, which is the magnitude for the undrawn PE.
Grubb's equation was also plotted with 1/E against
-2 -2(EDR) or (MDR) . This give a less satisfactory fit
with r - 0.64 and 0.66 respectively. The use of MDR for
EDR did not improve linearity. This equation gives
excessive weight to low modulus and draw, yet replotting
with modulus data of MDR >5 did not significantly improve
the correlation. It is, therefore, concluded from the
above that modulus is a linear function of MDR for PE.
This correlation is independent of draw temperature,
initial morphology irrespective of chain-folded or
chain-extended, variation in draw technique and molecular
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Figure 2.11. Tensile moduli of CEPE atincreasing extrusion draw ratio.
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(Dd9) sninaow
Figure 2.12. Tensile moduli of CEPE as a
function of molecular draw ratio. and are
chain-folded PE data from reference [61].
weight of HDPE
.
MDR can therefore be a good parameter
when comparing moduli of drawn PE by the different drawing
methods
.
2.3.5 Crystallite Size and Distortion
Crystallite size can be determined from the
broadening of the diffraction profile by WAXD using
Scherrer's equation, with the assumption that broadening
is due to size alone. The use of this method is often
limited by the resolution of the instrument. For most
X-ray diff Tactometers
, the upper limit of the measured
crystallite size is in the order of 100 nm. However,
using a high resolution d if fractometer
, Schonfeld and
Wilke [92] measured CEPE lamellae with a coherent lateral
dimension of more than 200 nm. Table 2.2 lists the
crystallite size measured from the (110), (220), (200) and
(020) planes for billet 1, using Scherrer's equation and
the Gaussian approximation of equation 2.13.
With careful alignment and using narrow slits, the
instrumental broadening of the D-500 diff ractometer is
reduced to a reasonably small value, 0.08°. The lateral
crystallite sizes along the (200) and (020) planes are
42 nm, and along the diagonal (110) planes the size is
44 nm (Table 2.2). These sizes are unsually smaller than
would be expected for a CEPE. There are several possible
reasons: the use of Scherrer's equation by ignoring the
broadening effect due to distortion gives a lower
estimate; there could be the presence of defects in the
crystal, effectively dividing it into smaller coherent
dimensions for diffraction. it was also reported that,
when the profile broadening is small compared to the
instrumental broadening, Cauchy's approximation should be
used instead [67], which increases the measured
crystallite size to -63 nm for (200) and (002) planes, and
67 nm for the (110) planes as shown in column two of Table
2.2. A further consideration of the distortion effect
using Hosemann's equation and the second order (220)
reflection increases the size only slightly to 71 nm. The
reason for such a small increase is because the crystals
are relatively free of distortion, with gu = 1.73%
More important in the present study is the change of
crystallite size on drawing. Fig. 2.13 shows that
crystallite size along the (200), (020) and (110) planes
decreases sharply on the early stage of drawing and levels
off to 29 nm for D20Q , 21 nm for DQ20 and 32 nm for D11Q .
The rapid decrease is due to the breakup of the lamellae
into smaller blocks on drawing. The morphology changes
with the development of the fibrils, with its size
remaining nearly constant on further drawing as shown in
Fig. 2.13 above EDR 10. The different sizes along (110),
(200) and (020) planes suggests that the fibril is not
circular in cross-section but more of a ellipsoid.
The (002) diffractions are too weak for accurate
61
measurement in the present study to allow the
determination of crystal continuity along the draw
direction.
Fig. 2.14 shows Hosemann's distortion parameter,
gn for billet 1 as a function of EDR determined from the
line broadening of (110) and (220) reflections. The
crystals of undrawn billet 1 show low distortion, with
gn - 1.7%. i.e. a very small fluctuation of neighboring
(110) planes within the crystal lattice. Wilke and Martis
[93] had previously measured values of g of chain-folded
PE, before and after drawing to a draw ratio of 16, to be
0.08 and 1.0%, and concluded that g does not change on
drawing. The present results, however , showed that
gu increases first on drawing, reaching a maximum of
2.3%, at EDR 7.5, and then decreases on further drawing to
1.4% at EDR 16, a slightly smaller g than the starting
billet. The increase of g on initial drawing is to be
expected intuitively since there is chain tilting,
shearing and breaking up of lamellae into blocks as
suggested in Peterlin's model of deformation [26] and
conseguently an increase in statistical fluctuations
between neighboring planes. At higher draw, the crystal
blocks are incorporated into the newly formed fibrils
which slide past each other on further drawing. The size
of the fibrils remains constant and g j j decreases. The
maximum of g TT occurs at EDR 7.2 , ahead of the draw ratio3
I I
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Table 2.2
Change of Crystallite Sizes on Extrusion
Drawing for a CEPE Billet Crystallized at 221 'C
Extrusion „ „ Calculated by Calculated by
Draw Ratio
1
4.9
7.4
9.0
11.5
16.6
D
110 D020 D200
(nm)
44. 1 41.9 42.3
34. 1 23.8 30.7
33.7 22.8 28. 1
32.0 21.0 25.0
30. 1 20. 8 28.
1
33.5 29.7
D
110 D020 D200
(nm)
67.4 62.0 63.5
47.6 29.9 41.5
46.8 28.4 37.1
43.7 25.7 31.7
40.5 25.4 36.9
46.5 39.4
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Figure 2.13. Change of crystallite size D along
the (110), (200) and (020) planes as a function
of extrusion draw ratio for billet 1.
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Figure 2.14, Change of distortion parameter,
g_, as a function of extrusion draw ratio for
billet 1
in which Dh]a reaches the plateau.
2.3.6 Deformation Mechanism
Fig. 2.15 is the electron micrograph of a fracture
surface replica of billet 1 drawn to EDR 4.9. it shows
the co-existence of undrawn, partially drawn lamellae and
fibrillar structure. This observation provides an
additional clue to the plastic deformation mechanism. A
now widely accepted mechanism for semi-crystalline
polymers was proposed by Peterlin [26]. It consists of
three deformation stages; involving the shear, rotation,
chain tilt and slip in lamellae before neck, the
transformation of lamellae into bundles of microfibrils
and the sliding of microfibrils and fibrils past each
other in the strain-hardening step. The deformation in
solid-state extrusion is adeguately described by this
model with the neck in the die region and with substantial
admixture of shear fracture of stacks of lamellae [94].
Chain-extended lamellae are extremely large and can
be easily observed by electron microscopy showing the
characteristic striations which run parallel to the c-axis
direction. Thick lamellae of both selenium and CEPE had
been reported to survive drawing with individual lamellae
showing tilted chains embedded in a matrix of fibrils
[43]. Due to the inhomogeneity in the deformation of bulk
polymer and the low draw efficiency of highly
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Figure 2.15. Transmission electron micrograph
of fracture surface replica of billet 1 drawn
4.9X showing coexistence of undeformed, tilted,
and partially drawn lamellae and generated
f ibr illar structure . Arrow indicates drawing
direct ion
.
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chain-extended PE, even at EDR 4 . 9 (MDR 1.7), which would
normally have exhibited a substantial fibrillar structure,
features as in Fig. 2.15 could still be observed. The
undrawn lamellae show c-axis perpendicular to the draw
direction and can be seen to be the last to be drawn out,
as had been observed in the deformation of PE spherulites
[95], in which the polar zones where the c-axis is
perpendicular to draw direction, survived deformation
until higher elongation. Therefore, their survival at
relatively low MDR can be observed. The tilted lamellae
are distinguished as those surrounding the fibrillar
structure with striations tilted towards the draw
direction. The tilt angle, as measured from the angle
between the striations and lamellar surface normal is
32-38°. Higher tilt angles are not observed and the
transformation into fibrillar structure is discontinuous.
Chain tilting as observed here must be distinguished from
those observed in roof-shape PE crystals crystallized at
high temperatures where the tilt angle varies from 18 to
46° corresponding to some simple, low index planes [98],
In the present case, the chains above and below the
fibrillar structure in the deformation zone are observed
to tilt and converge towards the draw direction.
In the study of drawn PE of low draw ratio, Peterlin
and Meinel [97] showed, from the development of a
four-point small-angle X-ray pattern and the splitting of
the (110) and (200) wide-angle X-ray diffractions, that
the rotated lamellae also have chains tilted up to 48°.
The rotation of the lamellae to 45° gives maximum plastic
compliance for chain tilt and slip for its subsequent
destruction. The observation in Fig. 2.15 shows
discontinuous transformation of lamellae with tilted
chains into a fibrillar structure and is consistent with
Peterlin's model of plastic deformation.
2.4 Conclusion
Highly crystalline CEPE with a lamellar thickness
comparable to the molecular chain length contains few
trapped entanglements and inter lamellar links to provide
continuity and stress transfer for effective orientation
during drawing. This is shown by the slow development on
drawing of the crystal orientation functions. The
efficiency of drawing increases with billets crystallized
with higher undercoolings and increasing amorphous content
as a result of increasing chain entanglements and
inter lamellar links. The efficiency reaches a maximum of
0.71 in solid-state extrusion. Tensile moduli are found
to correlate linearly with MDR irrespective of morphology,
draw temperature and technique. Crystallite sizes along
the (110), (200) and (020) planes decrease sharply on
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initial draw and level off at EDR 10. The Hosemann's
distortion parameter increases initially to a maximum at
EDR 7.5 and then decreases on further drawing. Electron
micrographs of fracture surface replicas show the survival
of lamellae at low drawing. Regions of undeformed, tilted
and partially drawn lamellae are found to coexist with the
newly generated fibrillar structure. This is consistent
with Peterlin's model of plastic deformation.
CHAPTER III
MELTING AND RECRYSTALLI ZAT I ON
DURING DEFORMATION OF SEMI
-CRYSTALLINE POLYMERS
3.1 Introduction
Several deformation mechanisms have been proposed to
describe the morphological changes during drawing of
semi-crystalline polymers. A widely accepted one,
particularly suited for polyethylene, is that of Peterlin
[26], which involves the shearing, rotation, chain tilt
and slip in the lamellae and their transformation into
bundles of microfibrils. For many years, it has been
disputed whether the morphological changes on deformation
involves melting and recrystallizat ion.
Recent advances in drawing have produced PE of
uniaxial draw ratio more than 10X its "natural draw" [98].
This was thought to be possible only if the local strain
energy during deformation is high enough to melt the
chains which could then be easily drawn to the high draw
ratio and give the ultra-high modulus fibers [99].
This also explains the shrinkage behavior of drawn PE
during annealing [100], The cold drawn sample shrinks
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much more than PE obtained by hot drawing. it has been
rationalized that hot drawn PE contains crystalline
bridges which are formed during deformation giving crystal
continuity along the draw direction. They are relatively
stable to annealing as opposed to the taut tie molecules
of cold drawn PE, which relax during annealing and
therefore shrinks much more.
The strongest and often-cited evidence for melting
during deformation is the lamellae long period of the
drawn PE fibers, measured from small-angle X-ray
scattering (SAXS), depends on the draw temperature,
irrespective of initial lamellar thickness [101]. At any
particular draw temperature, such long period also has
been found to be independent of draw ratio once the
lamellae have been fully transformed into microfibrils.
Indeed, the long period increases with draw temperature,
in a way similar to its dependence on crystallization
temperature [102]. Such comparable behavior suggests that
the long period must be produced by the same process, i.e
through recrystallizat ion . The above observations apply
to both tensile and compressive deformations [101, 103].
A melting and crystallization process during
deformation is also a conseguence of the proposed random
switch-board model of chain folding in lamellae [104]. In
this model, entanglements are trapped in the fold loops
and the lamellae are interconnected such that their
relative mobility is impeded during deformation. To
transform them into the fibrillar structure of the drawn
polymer, entanglements must be relieved through melting
and recrystallize as folded chains in the fibrils.
Meinel and Peter lin [105] have calculated the
conversion of deformation, work into heat under adiabatic
condition. They find that the rise in temperature is
insufficient to cause crystal melting in PE. A similar
conclusion was also reached by Vincent [11]. Deformation
during solid-state extrusion used in this laboratory is so
slow that heat transfer to surrounding environment is
maintained such that the whole system is virtually
isothermal
.
Interest in this problem was revived when Juska and
Harrison [99] proposed a deformation mechanism for PE
which evokes melting at all draw temperatures in which the
spherulitic lamellae are converted into microfibrils
through isolated deformation zones of crazes and shear
bands
.
Subsequently, Wignall and Wu [106] cleverly used the
anomalous molecular weight segregation effect in
small-angle neutron scattering (SANS) of deuterated PE and
hydrogenated PE blend to study this problem. They found a
large reduction in SANS molecular weight when the samples
were deformed between 50 and 119°C, which is similar to
the phenomenon observed in melting and quenching and
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therefore concluded the reorganization of morphology
during deformation is similar to melting and
recrystallization. However, work by Wu et al. [107] on
polyethylene terephthalate) found the change in
synchrotron SAXS patterns when deformed at room
temperature does not indicate any melting and
recrystallization
.
The strongest experimental evidence of melting and
recrystallization during deformation is the observed
unique dependence of long period on draw temperature, yet
in previous works this was evaluated only with initial
lamellae <100 nm thick. It is thus proposed here to study
this problem by deforming, using solid-state extrusion, a
high pressure crystallized chain-extended PE which has
lamellar thickness in the region of 10 2~10 3 nm.
Chain-extended PE can only be crystallized under high
pressure, >350 MPa [47]. Should melting occur,
recrystallization would result in folded chains since the
extrusion pressure is not high enough to recrystallize
into chain-extended lamellae. The periodicity of
recrystallized folded chains along the draw direction
could then be detected by SAXS.
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3 . 2 Exper imental
High density PE pellets (Du Pont Alathon 7050) with
molecular weights, M 59,000 and M 19,000 werew n
crystallized at constant pressure 460 MPa and at four
crystallization temperatures of 221, 216, 207 and 198°C
into chain-extended PE, as described in Section 2.2.1; and
quenched from 160 C at a constant pressure of 160 MPa into
chain-folded PE billets. Each was solid-state extruded at
100°C through a conical brass die with 20° entrance angle
in an Instron capillary rheometer up to draw ratio 23.4.
In addition, chain-extended PE billet crystallized at
o
216 C and the quenched chain-folded PE billet were also
extruded at a constant draw ratio of 12.9 at constant
temperatures from 70 to 125°C all at a plunger speed of
0 . 01 cm/min
.
SAXS of the extrudates were measured using the Oak
Ridge National Laboratory SAXS instrument at 5m working
distance with Cu K radiation and a two dimensional
<x
detector . Intensity was corrected for detector
sens it ivity
,
sample absorption
,
background and dark
current. The circular beam stop is 1 cm in diameter such
that the detector intensity is cut off at k=0.008A 1
(k=4TT sine/x )• Maxima observed at this k is an artifact
of the beam stop. Long period is measured from the peak
position of the intensity maxima and using the Bragg.
s
equation. For undrawn samples, the intensities were
Lorenzt corrected.
Thermal analysis of the samples were measured using a
Perkin-Elmer Differential Scanning Calorimeter DSC-II
equxpped with a thermal analysis data station. Indium was
used for calibration. Heating rate was 2.5°C/min.
3.3 Results
Characterization of the four chain-extended PE
billets prior to drawing are shown in Table 2.1. The
number average lamellar thickness as measured from
fracture surface replicas by electron microscopy decreases
systematically from 480 nm to 270 nm with decreasing
crystallization temperature 221 to 198°C respectively.
Fig. 3.1(a) and (b) show SAXS of these two undrawn billets
after Lorentz correction. No prominent maxima can be
detected except a very weak shoulder at k-0.02 A-1 . The
fluctuation of intensity of this shoulder is within the
error of measurement, however, repeated scans produced the
same weak shoulder. Therefore, this is likely to be real
and not from statistical fluctuation of intensity. The
quenched chain-folded billet shows two orders of strong
maxima, Fig. 3.3(a), with a long period of 33.7 nm.
The first set of experiments were carried out by
extrusion drawing of both the chain-extended and
chain-folded polyethyene billets at a constant temperature
of 100°C to varying draw ratio. On deformation, all four
chain-extended PE billets show two-point meridional
scattering with weak intensity maxima, Fig. 3.2. The long
period decreases with draw to a constant value of -24 nm
(Table 3.1). However, the quenched chain-folded
polyethylene shows a contrasting type of scattering with
strong intensity maxima, Fig. 3.2(b). The long
period also decreases to -23 nm, close to those found in
extruded chain-extended PE and to values previously
reported at the same draw temperature by both tensile and
compression drawing [101, 103].
The second set of draw experiments were carried out
by extruding the chain-extended PE billet crystallized at
216 C and the quenched chain-folded polyethylene sample to
a constant draw ratio of 12.9 at a series of constant
temperature from 70 to 125°C. At this draw ratio,
lamellae of the initial spherulitc texture have been fully
transformed into the fibrillar morphology. The draw
temperatures cover both "cold" and "hot " ( temperature
above the a trans it ion ) drawing
.
c
SAXS shows weak meridional maxima after the
chain-extended PE has been extruded; Their intensity
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decreases to a small hump as the draw temperature was
increased, Fig. 3.3(a) and (b)
. The long period increases
from 17.1 nm to 30.1 nm when the extrusion temperature is
increased from 70 to 125°C respectively, Fig. 3.4. When
the extrusion temperature is increased, the isointensity
contour plots, Fig. 3.5(a) to (c), change from a well
defined two-point meridional scattering to a near circular
isotropic scattering pattern at 125°C. Thus indicates
significantly poorer orientation at the higher draw
temperature. However, an intensity scan along the
meridian still shows weak maxima.
DSC scans of the undrawn and drawn chain-extended PE
billet crystallized at 216°C are shown in Fig. 3.6. The
undrawn chain-extended PE has a small endotherm, about 4%
of the total peak area, at 130. 5°C. This low temperature
endotherm has been attributed to the low molecular weight
fraction rejected during high pressure crystallization
[55], and are able to crystallize into either fully
extended or chain folded lamellae during cooling. The
presence of this small endotherm is interesting, and even
crucial to the conclusions of this study. The rejected
low molecular weight fraction, when crystallized even into
fully extended form, gives a lamellae thickness of
<100 nm. The shoulder observed in SAXS has a long period
corresponding to 35 nm. Thus falls within the thickness
expected from the rejected low molecular weight fraction.
Table 3.1
Long Period of Chain-Extended and Chain-Folded
Polyethylene Billets Extruded at 100'
C
1 .ClTl O Ppri r\r\ljVJ11 & 'CI J.UU (nm) from Extrudates of Chain- Extended
Polyethyl ene Billets
Draw Ratio Billet Number:
1 2 3 4
4.1 29.4 31.3 30.
1
4.9 22.3
7.2 22.3 29.3 30.6 27.7
9.0 23.3 30.1 26.3
11.4 25.7 24.4 25.7 27.0
16.4 24.5 23.8 25.1 25.0
23.4 22.4
Long Period (nm) from Extrudates of Chain -Folded
Polyethylene Billet:
Draw Ratio Long Period
Undrawn * 33.7
5.8 31.1
9.
1
25.7
12.2 23.4
14.8 27.0
16.2 21.4
* Lorentz correction necessary
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Figure 3.1. SAXS of undrawn CEPE crystallized
at (a) 221°C and (b) 198°C.
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Figure 3.2. Meridional SAXS scans of CEPEbillet 2 extruded at 100°C to draw ratios
4.1 and (b) 16.4.
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Figure 3.3. SAXS scans of (a) undrawn CFPE and(b) at draw ratio 12.2, extruded at 100°C.
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Figure 3.4. Long period of CEPE billet 2
extruded at increasing temperature to constant
draw ratio of 12.9.
Figure 3.5. SAXS isointensity scattering
patterns of CEPE billet 2 extruded to constant
draw ratio of 12.9 at (a) 70, (b) 100 and (c)
125 C.
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Figure 3.6. DSC scans of undrawn CEPE billet
extruded at increasing draw temperature.
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On drawing, this low temperature endotherm
disappears, merging with the higher temperature
endotherm,, Fig. 3.6. The highest endotherm, with peak
melting point of 141°C, also decreases both in temperature
and magnitude as extrusion temperature is increased, while
the 136°C shoulder increases in magnitude and becomes
dominant at a draw temperature of 90°C. At higher draw
temperature, >100°C, a single endotherm is observed with
peak maximum at 13 9 "c.
3 . 4 Discuss ion
SAXS results of chain-extended PE extrusion drawn at
100°C with increasing draw ratio display weak intensity
maxima along the meridian. The corresponding long period
at high draw reaches a plateau of ~23 nm irrespective of
the initial lamellar thickness. When extruded to a
constant draw ratio, with increasing draw temperature, the
long period increases with draw temperature. These
observations are consistent with the often cited evidence
by advocates of melting and r ecrystallization during
deformation. However, this decuction is not as straight
forward as it appears in light of thermal analyses and
consideration of the scattering patterns.
The total integrated intensity of SAXS over the whole
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angular range is the invariant, Q, defined by
Q - ]l(8)8 2 d8 {31)
0
for an isotropic system. I(s) is the measured scattered
intensity, s is the scattering vector. For an anisotropic
system with cylindrical symmetry about the fiber
direction, s^,
I<sr s 2 )s 1 d Slds 2 (3 . 2)
o " o
For a two phase system, Q is proportional to the mean
squared electron density difference, <(p-p) 2 >, between the
amorphous and crystalline phase.
2 2
<(p-p) > - (p 1~p 2 ) 0 10 2
471
Q
i N2daX3 Pn
(3 ' 3 >
e o
where a - sample to detector distance
l * electron scattering cross-section
N * Avogadro's number
d - sample thickness
P 0 - primary beam intensity
and and p^ are electron densities of each phase
with sharp boundary and and 0^ are their respective
volume fractions
.
Thus the change of electron density difference on
def ormat ion can be obtained from exper imental evaluation
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of the invariant which requires accurate measurement of
the scattered intensities at both very small and very
large angle. it has been found that in solid-state
extruded PE [108, 109], the electron density difference
between crystalline and amorphous phases becomes smaller
as draw ratio and orientation increases resulting in
diminished intensity. The overall scattering patterns,
Fig. 3.5, and wide-angle X-ray photographs, show at higher
draw temperature, orientation of the extruded
chain-extended PE is poorer due to greater relaxation
and/or less efficient orientation. Therefore, it is
unlikely that (p^-p^) decreases in this case. Then the
decrease in SAXS intensity is due to a decrease in the
fraction that gives scattering intensity maxima.
SAXS and DSC of the undrawn billet show even in
chain-extended PE, that there is a small fraction of low
molecular weight PE rejected during crystallization, •
characterized by a weak shoulder in SAXS and a long period
of ~33 nm. The observed SAXS maxima of extruded
chain-extended PE is so weak that the scattering fraction
must be very small and likely originates from the fraction
of rejected crystals.
The chain-extended PE crystals do not melt and
recrystallize during deformation in the present study.
Comparing the SAXS of drawn chain-extended PE with that of
chain-folded PE, the former exhibits weak intensity
maxima. Should melting have occured, the drawn
chain-extended PE would have r ecrystallized into a
chain-folded lamellae because the extrusion pressure was
<180 MPa which is insufficient for r ecrystallizat ion into
the chain-extended morphology. Then the observed
intensity maxima would be in the same order as that of the
chain-folded PE extruded under the same conditions.
There are two possible reasons why chain-extended
crystals apparently do not melt during deformation: first,
chain-extended PE crystals have slightly higher melting
point of 141°C. However, the difference between melting
points of chain-extended and chain-folded PE are not that
large to expect an entirely different drawing behavior.
A more likely reason is chain-extended lamellae have
thickness in the same order as the molecular chain length
and therefore have few folds per chain and conseguently
reduced entanglements. The deformation of such thick
lamellae with reduced entanglements can be different from
the chain-folded lamellae which are profusely
interconnected. Disruption of the thick lamellae still
occurs during deformation as shown by a shift in the
highest endotherm to lower temperature and a decrease in
magnitude. However, chains are easily unravelled when the
draw temperature is high, above the crystal dispersion
temperature, the interchain dispersive force is
drastically reduced. Slipping of chains can occur in
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crystallographic planes which contain the chain direction
when the applied stress reaches the critical resolved
shear stress. The slipped chains can incorporate into the
drawn microfibrils without the necessary of melting. it
is therefore concluded that deformation of chain-extended
PE with high chain extension does not involve melting and
recrystallization.
3.5 Conclusion
SAXS of solid-state extrusion drawn chain-extended PE
shows weak intensity maxima along the meridian. The long
period increases with increasing draw temperature. When
drawn at 100°C, all four chain-extended PE billets with
varying initial lamellar thickness, showed a constant
periodicity of ~24 nm at high draw, comparable to the long
period obtained in chain-folded PE extruded under similar
conditions. From thermal analyses and consideration of
the overall X-ray scattering patterns, the observed weak
long period originates from the small fraction of low
molecular weight PE rejected during high pressure
crystallization. The chain-extended lamellae do not melt
and recrystallize during the draw conditions thought to be
critical for the evaluation of melting and recrystal-
lization process during deformation. Crystallographic
slip is the dominant mechanism.
CHAPTER IV
CRYSTAL STRUCTURES OF NYLON 6
4 . 1 Background
Nylon 6 is polymorphic, existing in several crystal
forms. More than a dozen crystal structures have appeared
in the literature, each being named with a greek letter
prefix. Certain structures, though being called
differently, do not appear to have significantly different
crystallographic data. On the other hand, some with the
same name have structures belonging to different crystal
classes. There are also proposed structures that have
been shown to be unacceptable. Thus the state of Nylon 6
crystal structures can be very confusing. This chapter
reviews the literature and discusses which structures are
more generally accepted by researchers in Nylon 6. A
clear picture of the crystal structures is important in
the understanding of the structure-property relationship
in the drawing of Nylon 6 in the following 2 chapters, 5
and 6
.
Nylon 6 is polymerized from
€
- caprolactam and has
—£ ( CH2) cjNHCOj-p^- as its monomer unit. The polar carbonyl
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groups form hydrogen bonds with neighboring chain imino
hydrogen atoms. Infrared (IR) study had shown that more
than 99% of the monomer units in the crystalline region
formed hydrogen bonds [110]. Therefore arrangement of the
Nylon 6 chains in the crystal must maximize hydrogen
bonding. Fig. 4.1(a) shows the arrangement of parallel
Nylon 6 chains in a planar ziz-zag conformation; only 50%
of the monomer units can form hydrogen bondings between
neighboring chains. To get 100% hydrogen bond formation,
the amide groups must be twisted out of its plane and give
an overall pleated arrangement. This is one of the
structures proposed for a Y -Nylon 6. Alternatively, full
hydrogen bond between the planar ziz-zag chains can be
formed if the adjacent chains are arranged antiparallel as
in Fig. 4.1(b). This antiparallel arrangement is found in
the structure of the a-Nylon 6 and was proposed [111]
before the idea of chain folding in polymer crystals. Now
it can be visualized, if the Nylon 6 chains of the
lamellae fold back, maximum hydrogen bonding can be formed
between antiparallel chains.
Crystal structure determination is usually done with
with X-ray diffraction. To give a complete description of
the structure, the following information is required:
1. Unit cell parameters with the reflections
indexed, number of chemical units/cell and the
calculated crystal density.
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2. Assignment of space group.
3. Atomic arrangement within the unit cell.
4. Structure factor calculation, refinement and
comparison with experimental intensities.
Spectroscopic tools are often used to supplement the
information. However, not all crystal structure
determination are thorough because polymers usually show
few reflections. It is therefore neccessary to evaluate
reliabilty
.
Brill [112] was the first to determine the crystal
structure of Nylon 6 to be monoclinic. A later triclinic
structure given by Kordes et al. [113] was not really
different since it could be reduced to the monoclinic cell
of Brill with similar unit cell parameters. More precise
determination was later done by Wallner [114], and Holmes,
Bunn, and Smith [111] who proposed a monoclinic Nylon 6
crystal with the chains arranged ant iparallel . Holmes et
al. recognized from the appearance of extra reflections
from some samples that there are alternate ways of packing
the chains and called this secondary structure " P " to
differentiate it from the a-structure they reported.
Their determination of the a-structure was not only
precise but complete. There is no argument on the
acceptance of their crystallographic data of
the a-structure. The confusion lies in the ^-structure
and the several alternate structures which have been
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proposed
.
Table 4.1 tabulates the crystallographic data of all
the proposed structures. The unit cell axes listed have
been transformed so that they have the b-axis as the chain
axis and interaxial angle, £ , as usually given for a
monoclinic cell. This is necessary to avoid confusion as
to which is the chain axis. it must be noted that in
rhombohedral, hexagonal or orthorhombic cells, the chain
axis is the c-axis by convention. This is sacrificed here
for ease of comparison. To make the discussion of the
secondary structures easier, they are divided into two
sections according to their annealing behavior and the
process by which they are obtained: i.e. from melt
processing or from crystal transformation by chemical
method
.
4 . 2 Mesomorphic Structure from Melt Spinning
Ziabicki [115] found when Nylon 6 was spun rapidly
from a melt into a dry atmosphere, a new structure was
obtained. This structure was unstable and transformed
into the (^-structure when exposed to moisture or on
annealing. It was found to have a rather imperfect
hexagonal packing with the chains set randomly in the
hexagonal plane like in a mesophase and was called
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-f orm. Avramora and Fakirov [116] recently used
reflection high energy electron diffraction to support the
presence of this mesophase structure, however, they found
a shorter fiber identity period of 0.84 nm. It was
claimed with this method, structure from a very small area
of the sample can be determined without the complication
of the presence of other crystal forms as in a bulk sample
structure determination by X-ray. Hexagonal packing was
also suggested by Reichle and Pretzche [117], although
called the if -form it was no different from the £-f 0rm
already suggested by Holmes et al.
Roldan and Kaufman [118] attempted to classify Nylon
6 structures into groups according to order and stability;
from amorphous to the stable a-crystal. in addition to
the cr-crystals, there are three more groups: viz. a
stable 15-hexagonal structure
, an unstable j3 -crystal
with structure similar to a nematic liquid crystal and
an a-paracrystalline structure with varying unit cell.
There were no exact data given for this last group.
However, the idea of a paracrystalline structure is not to
be dismissed and will be discussed later. The above
structures, except that of Avramora and Fakirov, have a
fiber identity period >1.700 nm, but not as extended as
the a-crystal of Holmes et al. of 1.724 nm. From
standard bond angles and bond lengths, a fully extended
Nylon 6 chain with two monomer units is 1.74 nm.
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Therefore, even the stable ^-structure has its amide
groups slightly twisted. To differentiate these hexagonal
structures with >1.7 nm fiber period from those obtained
by KI
3
solution treatment which has shorter fiber period
of <1.7 ran, ruers et al. [li9 ] called them **.
More recently, Stepaniak et al [120] reexamined this
* -crystal and found it to be the same as the
3
-structure of Ziabicki. However, they proposed a new
monoclinic cell, called a-pleated crystal, with hydrogen
bonding between antiparallel chains similar to
the a-structure. This is radically different from what
was proposed before, which had hydrogen bonds between
parallel chains. The reason for the antiparallel chain
bonds is attributed to the observed annealing behavior, in
which this structure can be converted to the cr-structure
without the breaking of hydrogen bonds as would be
required in the case of the ^-structure obtained from
KI
3
solution treatment and therefore more stable in
annealing. The hydrogen bond sheet distance is expanded
to 0.956 nm and pleated in such a way to account for the
shortening of the chain.
4.3 ^-Structure from Iodine Treatment
When Kinoshita [121] investigated the structure of an
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extensive series of polyamides, it was concluded that
Nylons formed from the u-amino acids have two basic types
of structure: either with extended zig-zag chains or with
twisted amide groups causing the shortening of the chain.
These two forms are the a- and
-crystals
. It was first
reported by Ueda and Kimura [122] when the a-structure was
treated with KI
3
solution and washed with sodium
thiosulfate, a
-structure was obtained. This structure
cannot be converted into the cr-form by annealing but does
so on deformation [123]. Because of this different
annealing behavior, it was distinguished from the
*
If -crystal by I Hers. Several papers were published to
determine if it is different from the previously found
or 8 -structures obtained from spinning.
Vogelsong [124] determined it to be hexagonal with
hydrogen bond alternates between (100) and (010) planes.
Each chain is thus bonded to four neighbors with a three
dimensional network type of structure. This structure has
one chain per unit cell and the amide plane tilted to give
shortening of the chain axis. This model was contested by
Arimoto et al. [125] who made detailed structure
determination by X-ray aided by IR studies. Essentially,
their unit cell data are nearly the same (Table 4.1) but
with different molecular chain packing. In the
tf -structure of Arimoto, the hydrogen bond is in the (100)
plane. Each chain is bonded to two neighbors of parallel
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chains and the amide group twisted out-of- plane giving a
pleated hydrogen bond sheet structure. This structure has
two chains per unit cell because the hydrogen bonded
sheets alternate with antiparallel chains. Evidence for
this is the presence of the (Ikl) reflections and
confirmation from the IR study of Bradbury and Elliot
[127] who however proposed the unit cell to be
orthorhombic with a random variation of the chain sense
from sheet to sheet as opposed to the (100) plane of
Arimoto, as observed by the presence of a layer line
streak. However, there is no difference between these two
unit cells, one can be translated to another and symmetry
considerations claimed by Arimoto favored the monoclinic
cell.
The above structures are sometimes called
pseudohexagonal by some researchers because the interaxial
angle, £ , is almost 60°, but the structure has monoclinic
symmetry, so the term pseudohexagonal should be avoided.
4.3 Conclusion
Even though there is confusion on the secondary
structure of Nylon 6, Parker and Lindenmeyer [129] after
carefully comparing them, concluded that there are at
least two basically different structures as was suggested
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by Kinoshita. a fully extended chain of the a-structure
and the pleated chain structure which can be further
divided according to their annealing behavior: the
mesomophic 0 -structure of Ziabicki and the %
-structure
obtained from the *
-crystals by treatment with
KI
3
solution. in the present author's opinion, this
subdivision is not necessary.
Polymer crystals obtained are usually imperfect
compared to small ionic crystals. Consider the process by
which these secondary structures are obtained: the rapid
quenching from high speed spinning does not allow perfect
crystals to be formed. The Nylon 6 chains are "frozen- in"
during spinning giving the rather imperfect mesomorphic
£
-structure. However, the tf
-crystals obtained by
KI
3
solution treatment are from the more stable, well
formed a-crystals. Even though hydrogen bonds are broken
in the intermediate complex and there is some chain
mobility to allow hydrogen bonds to reform between
antiparallel chains. Such chain mobility is never of
large scale as compared to that of melt spinning.
Therefore the
-structure generated is dictated by its
precursor a-crystals. The more perfect is the precursor
crystals, the more stable is the generated -crystals
towards annealing. If a rapidly spun fiber with the
mesomorphic £ -structure were to be treated with
KI^ solution, what would be the generated structure?
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Although we are not aware of such a study, a prediction is
that a ^-structure would be obtained since complexing
with the polar iodine is determined by the ability to
compete for hydrogen bond formation rather than the
starting structure. The S
-structure obtained would have
poor stabilty in annealing because of the poorly developed
structure of the precursor.
Thus to distinguish the secondary structure into p-
and 7f- is not necessary. One can introduce the Hosemann
paracrystalline concept [68], already suggested by Roldan
and Kaufmann [118], to describe the /3
-structure as one
with high distortion of the "^-structure.
It is therefore concluded here that there are
basically two types of crystal structures, a- and y-
,
for Nylon 6 and their unit cells are given by those of
Holmes et al. [Ill] and Arimoto [125], Fig. 4.2(a) and
(b). Depending on the processing condition, the y-form
can be obtained with varying degree of distortion, one of
which is the mesomorphic 0 -form.
Ill
CHAPTER V
SOLID-STATE CO-EXTRUSION OF NYLON 6 GEL
5 . 1 Background
Pennings and coworkers [130] reported ultra-high
modulus PE of >100 GPa made by a continuous growth
technique from solutions subjected to either Poiseuille or
Couette flow. it was subsequently recognized that the
fiber was produced from a gel layer where the fibrous
seed-crystal was attached. The success of this technique
is due to reduced molecular entanglements in the gel and
to the efficient stretching of chains in a flow field.
Melt crystallized polymers usually have a high
entanglement density which limits drawability. The
molecular entanglements can be reduced by dilution with
so] vent. The number of entanglements in the solution,
N
c, rt in' is related to that in the melt, N , . , by theaux melt
polymer volume fraction, 0 [131]:
N
soln " Nmelt 0 t 5 ' 1 *
If the solution gels on cooling without collapsing
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and retains all the solvent, the resultant gel can then be
asssumed to have the same entanglement density as the
solution. The maximum draw ratio, X^, has been shown
[131] to relate to both the entanglement density and 0 by
X max - (Nmelt ' *>°'
5
(5.2)
Thus, the more dilute the solution, the higher is the
maximum draw possible. However, there is a limit to
dilution, as a coherent gel cannot be formed when the
concentration is too low for polymer coil overlapping.
Therefore, a high molecular weight polymer is usually used
to prepare a low concentration gel. For PE, the typical
molecular weight is ~10 6 in a gel of 1 to 2%
concentration
.
The potential of drawing gel as a route to high
modulus fiber has received considerable attention [132,
133]. Smith and Lemstra [133] further extended the method
to ultra-draw either a dried, molded or cast PE gel film.
Such dried gel was reported to draw well, even up to 20X
at room temperature [134]. Other polymers that form gels,
polypropylene [135, 136] and polyvinyl alcohol) [137]
have also been reported to draw well by this method,
resulting in high modulus fibers.
Lloyd [138] noted nearly 60 years ago that a gel is
something which is easier to recognize than to define.
This is still true today. A general definition of gel is
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The
a colloidal semi-solid system rich in liquid [139].
gel has at least two compositions and the states of their
aggregation differ. Fig. 5.1(a) to (d) illustrate the
four states of aggregation of a gel. Entanglements or
contacts acting as junction points are necessary to give a
spatial network to trap the liquid. Fig. 5.1(a) shows
spherical particles adhering to each other in a linear
array through interacting forces to form the network.
These can be cohesive force, polar force or an
intermediate linkage like tightly bound water molecules.
An example of this is the gel formed by the spherical
particles of bentonite clay. Rodlike particles can also
build up a continuous framework in a similar way to form
gel as in Fig. 5.1(b). Most polymer gels are
r however,
represented by the systems shown in either Fig. 5.1 ( C ) or
(d).
When a polymer solution is cooled, it crystallizes.
The micelle or crystallites formed can act as junction
points for gel formation, Fig. 5.1(c). They can be very
small or large junctions, not only in size but also in
lattice order. Fig. 5.1(d) represents crosslinked
polymers swollen with solvent forming a gel. In the
present context, gel refers to a macroscopically coherent
structure with the crystallites acting as spatial junction
points, trapping a large amount of solvent.
In general, gels are not formed from a good solvent.
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Figure 5.1. Schematics of the four states of
aggregation for gel formation, (a) sphericalparticles linked linearly, (b) framework of
rod-like particles, (c) micelles or crystallites
of polymer and (d) crosslinked polymer network
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Gelation occurs when solubility is reduced by a variation
of temperature or addition of a poor solvent to a polymer
solution [140]. Apart from gelation involving flow,
polymer can also gel under quiescent conditions as when a
hot, semi-dilate solution is rap ld ly cooled. Gelation of
semi-crystalline polymer has long been recognized as a
crystallizaton process [139]. one molecular chain may
form cohesive junction points with others at several loci
along the chain to form a molecular network. if the
junction is very small, the gel approaches a homogeneous
one phase system. With several chain segments arranged in
lateral order, the junction can then form micellar
crystals. it was suggested by Keller [141] that micellar
crystals are responsible for gel formation for polymers
such as PE, poly (vinyl alcohol) and isotactic polystyrene.
During the cooling process, larger lamellar crystals can
also be crystallized simultaneously, which often gave the
gel an opaque appearance. Thus in most polymer gel
systems, micellar crystals are mixed with lamellar
crystals which could possibly have tie molecules giving
connectedness aiding gel formation.
Nylon 6 forms a gel when its solution in hot benzyl
alcohol is cooled to room temperature [142]. Stamhuis and
Pennings [143] investigated its morphology by electron
microscopy and found interlacements of thin fibrillar
crystals of 10 - 20 nm lateral dimension, aggregated into
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ribbons of high aspect ratio. These fibrillar crystals
have their chain axis perpendicular to the flat surface
and the hydrogen bond direction is in the long axes of the
crystal. The interlacements trap solvent and form a gel.
Gelation in this case is analogous to the gelation of
rodlike particles which form a continuous framework
through physical contacts as in Fig. 5.1(b); the bulk of
the molecular chains are not spatially spaced like a
network. Thus Nylon 6 gel does not necessarily have as
much reduced molecular entanglement as a PE gel.
The gel of Nylon 6 was reported to be brittle and
could not be drawn [143]. However, by using solid-state
co-extrusion with the gel film supported on each face by
the surfaces of poly (oxymethylene ) co-extrudate
, A
partially dried Nylon 6 gel was drawn up to 5.7X. This
chapter investigates the drawing behavior and properties
of the drawn gel. A deformation mechanism is proposed for
the observed double orientation.
5 . 2 Exper imental
Pellets of high molecular weight Nylon 6 ([r)] - 4.67
dl/g in 85% formic acid, My - 183,000, Allied Chemicals)
were dissolved in benzyl alcohol at 5 wt% concentration at
165 °C. The solution was stirred for 1 hour under a
N2 atmosphere and was then poured into a petri dish lined
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up
with filter paper where it gelled at room temperature
.
solvent was subsequently removed by blotting with layers
of filter paper applied at slowly increasing pressure,
to 40 MPa in a press. This was repeated until a partially
dried gel was obtained. Solvent was further removed under
vacuum at 40°C to give the final gel with
-20 wt.%
solvent
.
A 2 mm wide strip of the gel film, dried ag aboV6f
was placed in the center of a split poly(oxymethylene)
billet and co-extruded through a conical die of
20° entrance angle in an Instron capillary rheometer at
150°C. This extrusion temperature was chosen as a
convenience as poly (oxymethylene) melts at ~160°c and
draws easily up to 8X. Draw ratio was measured from the
displacement of the lateral marks scribed on the gel prior
to draw. About 10 wt% solvent remained in the extrudate
and was removed in vacuum oven at 100°C for 48 hours.
Thermal behavior was characterized with a
Perkin-Elmer DSC- 1 1 using a heating rate of 10°C/min.
Indium and tin were used for calibration. Perkin-Elmer
large volume stainless steel sample pans with 0-ring seals
were used for thermal analysis of the gel.
Tensile modulus at 0.1% strain was measured using a
floor model Instron tensile tester at a strain rate of
0.01 min" 1 .
Total orientation of the drawn gel was measured by
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birefringence using a Zeiss polarizing microscope with an
Ehringhaus calcspar compensator. As the drawn gel
developed double orientation, a Zeiss universal stage was
used to measure birefringence as a function of tilt
angle, a
,
by rotation about the draw axis [144, 145]. The
sample was placed in between a glass hemisphere of 1.555
refractive index for beam convergence. This
limits a measured up to 40°. Birefringence, A . at the
tilt angle a is given as
R
a
t(l-sin2a/n2 )" 0 - 5 (5.3)
Extrapolation to a - 90, gives birefringence of the other
pair of axes.
Pole figure which shows the overall orientation was
constructed from wide-angle X-ray scans using a Siemen
D-500 diffractometer equipped with a scintillation counter
operating at 40 kV and 30 mA, using a Cu K
fl
radiation with
Ni filter. For each incremental azimuthal angle, 0, of
10°
,
the sample was scanned from polar angle, u - 0 to
360°, at a fixed 26 angle for the (200) reflection. From
0 = 0 to 60° , the sample was scanned in a normal
transmission mode [146]. From 0 = 60 to 90°, because of
interference by the sample holder, an equi-angle
reflection method [147] was used and the intensity at the
common 0 = 60° was used as a scaling factor as described
NORMAL
MACHINE
Figure 5.2. X-ray beam directions with respect
to the coordinates of the gel film, normal (N)
,
transverse (T) and parallel to the extrusion,
also called the mach ine (M) d ir ect ion
.
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by Alexander [671. The n- *J in lntensities were corrected for
background and absorption for both the transmission and
reflection modes, and are normalized. Thus the average
isointensity contour is 1 in the pole figure.
A flat film Statton camera with a sample-to-film
distance of 5 cm and 32 cm was used to obtain,
respectively, both the wide- and small-angle x-ray
diffraction (WAXD and SAXS) photographs. The pinhole
collimated X-ray beam was directed normal, transverse and
parallel to the sample film plane and draw direction as
defined in Fig. 5.2. The instensity of the SAXS films was
measured with a Nonius microdens itometer
. The long
periods were calculated from the position of the peak
maxima using Bragg' s equation.
Crystallite size in the a-axis direction was measured
from the broadening of the (200) diffraction with the
dif f Tactometer
.
The divergence and ant i-scatterer slits
were 0.3° and the receiving slit was 0.015°. The scanning
rate was 0.2° 29/min. The hexamethylene tetramine peak at
17.8 26 was used to correct for instrumental broadening.
The crystallite size was calculated using Scherrer's
equation (2.10).
5.3 Results and Discussion
5.3.1 Nylon 6 Gelation
was
When a hot Nylon 6 solution in benzyl alcohol
poured into a petri dish and allowed to cool at room
temperature, it gelled at 40 - 45°c as observed by the
increased viscosity. The gel at this stage is
transparent. On further cooling, it became turbid. This
Nylon 6 gel is inelastic and breaks up into lumps on
deformation and therefore cannot be drawn in its present
form. on prolonged standing, syneresis occurs. This is a
process in which the liquid constituent of the gel is
exuded slowly irrespective of the vapor pressure imposed
upon the system and is accompanied by shrinkage in its
volume. Syneresis is a continuation of the gelation
process and it has been observed that the aggregates that
caused gelation continued to grow larger [139], Thus
gelation is a non-equilibrium process. it was even
reported for a poly ( ethylene terephthalate) gel that
crystallites were formed only during syneresis [148,149].
When benzyl alcohol was removed by evaporation in a
vacuum oven at room temperature, a white, porous and
brittle mass of Nylon 6 was left. When it was soaked in
benzyl alcohol, it imbibed the solvent but did not revert
back to the gel state, which is therefore irreversible.
Many inorganic gels exhibit this type of behavior [139].
However, when benzyl alcohol was removed with pressure
applied onto the gel simultaneously, a compact,
translucent film was obtained. With 10 - 20% of the
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solvent deliberately left in if *.wj-y x rt: it, the film appeared
leatherly and this partially dried n„i #*iy a gel film was prepared
as a starting material for drawing in this study.
Fig. 5.3 shows the DSC scan of the gel heated at
10°C/min
.
a broad endotherm from 89 to 124°c is observed
with the peak melting point at 104. 9°c. This endotherm is
from the dissolution of the crystals in the gel and has
a A H of 5.63 kJ/kg. When the heat of fusion is expressed
in terms of the solid content, Au is 112.6 kJ/kg (59.9%
crystallinity) which is very high showing the aggregates
of the gel are highly crystalline. This is comparable to
the 55% crystallinity obtained from a dried gel film by
DSC
Stamhuis and Pennings [143] found that the peak
melting point of the gel is dependent on both heating rate
and on the gelation temperature. Lower heating rate
increases the peak temperature. For a 2 wt.% gel, the
peak temperature was 101°C when the solution was gelled at
25°C and increases to 124°C at 100°C gelation temperature.
When the dissolved gel was cooled from 130°C to room
temperature in the DSC at 2 . 5 and 10°c/min, no exotherm
was observed. It was therefore thermally irreversible at
these cooling rates. However, when the sample was left
standing at room temperature for over 1 week, reheating
produced the same exdotherm. Thus it is likely that
crystals are formed and continued to grow during syneresis
[AJd3H10QN3
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as in the poly ( ethylene terephthlate) gel.
5 ' 3
- 2 ghgJ^erization of Undrawn Sel_rilm
Nylon 6 was found to gel into the ^-crystals with a
high crystallinity, 55%, as measured from DSC. This
crystal form is the one normally obtained by solution
crystallization. A DSC scan of a thoroughly dried gel,
Fig. 5.4, shows two prominent endotherms with peak melting
point at 210 and 219. 5°C. The two endotherms have
approximately equal peak area. Double endotherms in
solution crystallized Nylon 6 have previously been
reported [150]. Kyotani [151] attributed the low
temperature endotherm to the formation of smaller lamellar
crystals which crystallized during cooling after the
isothermal crystallization. Prolonging the isothermal
crystallization time was reported to give only the single
high temperature endotherm of more perfect, larger
lamellar crystals. However, Stamhuis and Pennings had
shown that Nylon 6 gel has long ribbons of aggregated
fibrillar crystals. This morphology was also obtained
from stirred crystallization in a 1, 2 , 6-hexanetr iol
solution and has a melting point of 223°C [151], nearly
the same as that of the large lamellae from prolonged
isothermal crystallization. Thus in the present gel
system, the observed high temperature endotherm is likely
for fibrillar crystals mixed with possibly some large
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lamellar crystals.
Fig. 5.5(a) and (b) shows WAXD and SAXS photographs
of a dried gel film prior to extrusion draw. The X-ray
beam was directed perpendicular and parallel to the film
plane, when viewed perpendicularly, Fig. 5.5(a), there
are two (200) and (002) isotropic rings. The inner (200)
reflection is much more intense than the outer (002)
reflection. SAXS however shows that over a larger range,
the system is not entirely isotropic as indicated by an
uneven intensity distribution of the rings. When the
X-ray beam is placed parallel to the film plane,
Fig. 5.5(b), wide equatorial (200) and (002) arcs are
observed superimposed on the Debye rings, and SAXS shows
wide meridional maxima. These indicate that orientation
has been introduced in the gel film with the b-chain axis
weakly oriented perpendicular to the film plane as a
result of squeezing during solvent removal. This is
confirmed by the WAXD photograph, taken with the beam
parallel to an unpressed gel, which shows only isotropic
rings. The preor ientat ion
,
however, does not cause the
observed double orientation of crystals in the drawn gel,
to be discussed later. It does affect the distribution of
crystals when viewed parallel to the draw direction.
5.3.3 Properties of Drawn Gel Film
Thermal analysis by DSC of the drawn gel film is
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shown in Fig. 5.4. With increasing draw ratio, the low
temperature endotherm decreases in magnitude and shifts
slightly towards higher temperature, completely
disappearing at draw ratio 4.6 and onwards, leaving only a
single endotherm with a peak melting at 224°C at draw
ratio 5.4. The dissapearance of the low temperature
endotherm must be due to the destruction of these lamellar
crystals on draw leading to their incorporation in a newly
formed fibrous morphology. The fate of the ribbons of
fibrillar crystals on draw is not revealed by DSC since
its melting point is in the same range as that of the
drawn fibrous morphology [152]. The crystallinity
decreases with drawing by -9% at the highest draw ratio
5.7 (Table 5.1). A major decrease had also been observed
for crystalline poly( ethylene terephthalate) [153] with
yet no satisfactory explanation.
As pointed out earlier, Nylon 6 gel formation does
not necessarily result in significant reduced molecular
entanglement. The maximum draw ratio of 5.7 obtained here
is comparable to those previously reported for Nylon 6
[154]. Tensile moduli of the drawn gel are shown in
Fig. 5.6. The moduli of a solvent cast film, drawn under
similar conditions and shown by the broken line, are
included for comparison. At eguivalent draw ratios, the
modulus of the gel film is modestly higher, reaching
5.6 GPa. Annealing at 190 °C with both ends fixed shows a
Figure 5.4. DSC scans of undrawn and
drawn
Nylon 6 Gel films.
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Figure 5.5. WAXD and SAXS photographs of
undrawn, dried gel with X-ray beam (a) normal
and (b) parallel to film plane.
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3 4
DRAW RATIO
Figure 5.6. Tensile modulus as a function of
draw ratio for solvent-cast Nylon 6 film; Nylon
6 gel film before and after annealing at 190°C.
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Figure 5.7. Birefringence as a function of draw
ratio for Nylon 6 gel and solvent-cast Nylon 6
f ilms
.
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Table 5.1
Change in Percent Crystallinity as Measured by
DSC as a Function of Draw Ratio
Draw Ratio % Crystallinity
Undrawn 55.0
2.1 47.8
2.9 . 48.7
3.7 47.3
4.6 45.6
5.4 45.0
5.7 45.5
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slight improvement in the modulus, Fig. 5.6.
The total orientation of both the amorphous and
crystalline chains was measured by birefringence,
Fig. 5.7. The undrawn film is slightly
birefringent, A = 0.011, which is due to the orientation
introduced during solvent removal. On drawing, the
birefringence increases, almost linearly to 0.044 at a
draw of 5.7. By comparison, the drawn solvent cast film
increases sharply at low draw, reaching a plateau of 0.061
at a draw of 3.5 with values consistent with reports on
uniaxially drawn Nylon 6 film and filament [154]. The
lower birefringence of the drawn gel can be explained.
Investigations by both WAXD and SAXS show double
orientation; there are two populations of crystals with
chain axis either parallel or perpendicular to the draw
direction. Since birefringence is the difference in
refractive indices along and perpendicular to draw, the
presence of a crystal fraction with chain axis
perpedicular to draw direction reduces the birefringence.
5.3.4 Deformation Mechanism
Double orientation on deformation has been reported
for several types of gel [149, 155, 156]. An elegant
explanation has been offered by Keller [141] in which the
initial gel contains a mixture of both micellar and
lamellar cyrstals. On deformation, the micellar crystals
orient with their chain axis in the draw direction as in
the stretching of a network, while the lamellar crystals
align with their lamellar planes along the stretch
direction and therefore with chain axis perpendicular to
draw. An unconnected lamellar crystal could possibly
orient this way on drawing without much chain unravelling.
It is less likely that lamellar crystals with molecular
weight ~10 6 and possibly interconnected, will do so rather
than orienting with chain unravelling to form fibrous
morphology with chain axis in the draw direction.
Since gelation of Nylon 6 is caused by the
interlacement of fibrillar crystals, a different
morphology from a PE gel, an alternative mechanism is
proposed: orientation of crystals with chain axis in the
draw direction arises from the fibrous morphology normally
observed in uniaxial drawing. The second orientation of
crystals with chain axis perpendicular to draw direction,
are from the fibrillar crystals which have chain axis
perpendicular to the surface plane and with the hydrogen
bond in the long axis. They rotate when subjected to
torque on deformation so that the long axis (a-axis) is
preferentially oriented in the draw direction and
consequently with chain axis perpendicular to draw. This
is similar to the rotation of needle shape crystals in
segmented polyur ethane to give a negative orientation as
proposed by Bonart [157]. This proposed mechanism is
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shown to be consistent with the birefringence, WAXD and
SAXS results as a function of draw ratio.
Pole figures are the best way to show unambiguously
complex orientation. The normal of the diffraction plane
when intersected with a hypothetical sphere of reflection
gave the pole. A stereogr aphical projection of the
distribution of these poles is a pole figure which is
plotted with a series of contour lines of constant
intensity. Therefore, it is a visual representation of
the orientation distribution. Fig. 5.8 shows a (200) pole
figure of a gel film drawn 4.6X. Double orientation can
be easily seen from this plot with the pole strongly
concentrated at the equator, and another less intense
concentration at 0 - 65°. The pole at the equator is from
crystals oriented with their chain axis parallel to the
draw direction. The distribution of the intensity is
uneven along the equator, with higher intensity, >2.0,
concentrated at u - 0° and gradually decreases to 1.0, the
average intensity at w s 90°. Thus the distribution of
this crystal is not centrosymmetr ical about the draw axis.
There is a higher population of the crystals with (200)
planes parallel to the film plane than to the transverse
plane. The less than average intensity of the pole at 0 =
65° shows that there is a smaller population of crystals
with chain-axis oriented perpendicular to the draw
direction. Though pole figures are the best way of
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Figure 5.8. Pole figure of (200) reflection of
Nylon 6 gel drawn 3.7X.
Figure 5.9. WAXD photographs of Nylon 6 gel
film with increasing draw ratio, X-ray beam
normal to film plane.
NOI103dia NOISnUlXB
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showing complex orientation, they are somewhat laborious.
Alternatively, WAXD films were taken with X-ray beam
directed normal, transverse and parallel to the plane of
the gel film to show the orientation development on
drawing
.
Fig. 5.9 shows a series of WAXD photographs of the
gel films with increasing draw ratio: the x-ray beam is
normal to the film plane. The undrawn film shows isotropy
with (200) and (002) Debye rings. The outer (002)
reflection is mixed with (202). For convenience, we refer
to this as (002) only. At low draw ratio, up to 1.7X, the
inner (200) reflection forms meridional arcs with broad
azimuthal spread, while the outer eguatorial (002) arcs
are also broad but less intense. At draw ratio of 1.9,
the spread of these two arcs becomes narrower with
simultaneous development of a faint (200) reflection at
the equator. These equatorial arcs become prominent at a
draw 2.9X while the meridional (200) arcs become narrower
in spread and split with maximum intensity centered at
o
a ~22 angle to the extrusion direction. Correspondingly,
the azimuthal spread of meridional (002) also becomes
narrower. There is a faint reflection located diagonally
with its spacing nearly the same as that of the outer
(002) reflection, which was indentified as a weak (202)
reflection. At higher draw of 4.6, the intensity of
meridional (200) arcs decreases sharply when compared to
its equatorial reflection.
Because of the complex orientation, we also examined
both WAXD and SAXS with the X-ray beam transverse and
parallel to the draw
. The transverse diffraction shows
similar patterns to that of diffraction normal to the film
Plane. At low draw, the parallel direction diffraction
shows a weak orientation which was introduced during
squeezing in the gel film preparation with a broad
equatorial (200) arc. On further drawing to 3.7X, it
develops into a ring of uneven intensity around the draw
direction as already shown by the pole figure of Fig. 5.8,
so the system can be described as having double
orientation of the crystals but not entirely
centrosymmetic around the draw direction at higher draw.
In Fig. 5.9, the equatorial (200) and (002)
reflections can be identified as from the normal fibrous
morpghology with chain axes parallel to the uniaxial draw
direction. The meridional (200) reflections are, however,
from crystals with their chain axes oriented perpendicular
to the draw direction. The reflections are suggested here
to be from the fibrillar crystals which have chain-axis
perpendicular to their flat surfaces.
To show how these diffraction patterns are obtained
for these crystals, a reciprocal a - c lattice for the
fibrillar crystals with their chain axis oriented
perpendicular to the draw direction is constructed. Since
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WAXD patterns are taken with a flat film camera and with
Cu K
a
radiation of wavelength 0.154 nm, the surface of the
Ewald sphere is curved. The flat film diff ration pattern
is then a slight distortion of the reciprocal lattice
representation. Nevertheless, it is useful to show the
relative location of the reflections arising from the
orientation.
The reciprocal lattice is oriented such that the
(002) reflection is at the equator, while the (200)
reflection is at the meridian, Fig. 5.10(a). At low draw,
the fibrillar crystals rotate when subject to torques.
The a-axis orients towards the draw direction. Since the
c -axis is perpendicular to the a-axis, the measurement of
the angle of (002) reflection from the equator, y ,
indicates the angle at which the a-axis is tilted towards
the draw direction. Because of wide angular spread of the
a-axis, there is a spread of (200) and (002) reflecitons
smeared over the meridian and equator, respectively. This
results in WAXD patterns for draw <1.7X as shown in
Fig. 5.9.
At higher draw, when the a-axis of the fibrillar
crystals are oriented in the draw direction, y becomes
Q
0 . The diffraction pattern is then represented by a
reciprocal lattice as in Fig. 5.10(b). In this case the
meridional (200) reflections show intensity maxima at an
angle of 22.5° from the draw direction, which is indeed
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Figure 5.10(a). Reciprocal lattice of Nylon 6
fibrillar a-crystal at low draw <1.9X, showing
the relative position of the (200), (002) and
(202) reflections as would be observed in WAXD.
Figure 5.10(b). Reciprocal lattice of Nylon 6
fibrillar a-crystal at high draw >3.7X, showing
the relative position of the (200), (002) and
(202) reflections as would be observed in WAXD.
Table 5.2
C
75tal i ite SiZGS Al0n § a " axis for (200) Equatorialand Meridional Reflections with Increasing Draw Ratio
Draw Ratio
Undrawn
1.9
Crystallite Size D (nm )
Equatorial Meridional
10.4
6.4 10.1
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observed from draw ratio 3
. 7X onwards indicating a
complete a-axis orientation of the fibrillar crystals in
the draw direction. A weak (202) reflection appears
diagonally in the reciprocal lattice and is also observed
in the diffraction pattern.
If we now superimpose on Fig. 5.10(b) the equatorial
(200) and (002) reflections from the normal fibrous
morphology with chain axis in the draw direction, the
composite will be consistent with the WAXD observed for
draw ratio >3.7 of Fig. 5.9.
Crystallite sizes along a-axis for both types of
crystal orientations, were measured from WAXD (200) line
broadening at the equator and meridian, and are shown in
Table 5.2. Scherrer's equation was used after correction
for instrumental broadening. It was assumed that
broadening is due to crystallite size alone, neglecting
lattice distortion. Therefore, the measured size is a
lower estimate. The measurement of (002) broadening is
not suitable, as it is not a pure peak, but a mixture with
(202) reflection. The crystallite sizes of fibrillar
crystals along the a-axis, as measured from broadening of
the meridional (200) reflection, showed a slight decrease
on draw, from 10.1 nm at 1.9X to 8.2 - 9.1 nm at higher
draw. For the equatorial (200) reflection, the
crystallite sizes remain fairly constant on draw, 6.2 -
6.9 nm. This dimension may be interpreted as the lateral
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size of the drawn microfibril and agreed well with those
previously reported for drawn melt crystallized Nylon 6.
Consider the interchain dimension of 0.4 - 0.5 nm.
Arithmetically, this corresponds to about 15 Nylon 6
chains in close lateral packing. This number indicates
that the equatorial (200) reflection is unlikely the
result of drawing a micellar crystals network.
While the WAXD study gives information of how chains
are oriented at the level of unit cell axes, SAXS provides
a view of orientation at the larger lamellar level.
Fig. 5.11 shows SAXS patterns of gel films with increasing
draw ratio. At low draw of 1.3X, there is a marked change
of the scattering pattern from nearly isotropic scattering
for the undrawn state to a discrete four-point pattern at
the equator. At higher draw, the four points move closer
to the equator, while meridional scattering develops at
1.9X, thus giving a six-point scattering pattern. On
further draw, the equatorial four points merge into two
points at 3.7X, giving a final four-point scatttering
along both the meridian and equator.
To show that the equatorial scattering is not due to
voids, the drawn film was immersed in benzyl alcohol
(refractive index 1.54) for 14 days. It was then coated
with paraffin oil to reduce solvent evaporation under
vacuum when taking the SAXS films. The patterns were
found to be the same, indicating the equatorial scattering
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is not due to voids.
The measured lamellar long periods are tabulated in
Table 5.3. The meridional long period of the drawn
fibrous morphology is constant at
-8.5 nm. The equatorial
periodicity of the fibrillar crystals is smaller but
remains fairly constant at
-6.5 nm on draw. Although
Stamhuis and Pennings found the lateral dimension of such
crystals to be 10 - 20 nm, the thickness in the chain
direction was not reported. The present periodicity is
within the range of lamellar thickness obtained for
solution grown Nylon 6 crystals [42].
The split angle, y , of the equatorial scattering
maxima gives the average angle of the long axis of
fibrillar crystals to the draw direction. At a draw of
1.3X, the angle is 23.6° and decreases to 0° at 3 . 7x
(Table 5.4). At this draw ratio, the long axis (a-axis)
of the fibrillar crystals is already completely oriented
in the draw direction. Thus the SAXS results support the
observation from WAXD.
From both WAXD and SAXS studies, tfe showed there is a
double orientation in the drawn film. One population of
the crystals has chain axis parallel to the uniaxial draw
direction. These type of crystals belong to the fibrous
morphology normally developed in tensile drawing. The
other crystal population has chain axis perpendicular to
the draw, and they are identified as the fibrillar
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e a
s a
«y.tal, associated with gelatiQn ^^^3Ub3SCted
" Nation. wlth the long
axl. orienting toward, the draw direction. Becauee
hydrogen bond la also ln tne uy axis, chains resist
drawing until thp iof 0 vlater ,tage, „hen "fracture" pcsibly
occur, and tran,form part ly into tne fibrou, morphology
With chain «i. in the draw direction. This cause3 ^
depletion of the fibrillar cry,tal, and therefor
decree,, in the SAXS equatorial intensity. Flg
. 5. 12 i
echematic of ribbon, of these fibrillar crystals
undergo.ng deformation with their long axis rotating
towards the draw direct-inn tv, -.tio . The lines represent fibrillar
crystals, bundled into larger ribbons, and not the
individual molecular chains. At low draw, Fig. 5.12(b)
shows the long axis partially oriented towards the draw
direction. Since the fibrillar crystals are distributed
about the draw direction, this arrangement gives
four-point SAXS pattern at the equator. On further
drawing, Fig. 5.12(c), the long axis is in the draw
direction,- the four-point scattering merges with a
decrease in the f angle and finally coalesces into two
equatorial scatterings. Together with this, there is a
simultaneous development of the fibrous morphology which
has meridional scatterings superimposed on the above, it
results in the observed four-point scattering on the
meridian and equator shown in Fig. 5.11.
Table 5.3
Long Period from SAXS of Gel Fil
with Increasing Draw Ratio
X-Ray Beam Normal to Film Plane
in
Draw Ratio Long Period (nm)
Equatorial Meridional
Undrawn 6.4
1.3 6.6 8.7
1- 9 6.6 8.6
2- 1 6.8 8.8
2.8 6.6 8.5
3- 7 6.5
4-6 6.2
8.7
8.2
5.4 6.2 8.1
Table 5.4
Change of Angle, ^ , Between Long Axis of
Fibrillar Crystals and the Draw Direction
Draw Ratio
1.3 23.6
1.9 12.0
2.1 10.1
2.8 9.2
3.7 0
Figure 5.11. SAXS photographs of gel film with
increasing draw ratio f X-ray beam normal to film
plane
.
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Figure 5.12. Schematic representation of
orientation of the fibrillar crystals during
deformation
.
(a) Undrawn state with random interlacement of
fibrillar crystals.
(b) At low draw ratio <1.9X, long axis (a-axis)
of the fibrillar crystals weakly oriented
towards draw direction.
(c) At high draw ratio >3.7X, long, axis of the
fibrillar crystals oriented in draw direction.
(d) Enlargement of the aggregates of fibrillar
crystals showing the long period.
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5-3.5 Annealing Behavior
The drawn gel films were annealed with fixed ends at
190° for 3 hours. The modulus and birefringence increase
slightly (Fig. 5.6 and 5.7). WAXD and SAXS with the X-ray
beam in the normal and transverse directions are not
significantly different from that of unannealed samples.
However, when the beam is in the draw direction,
superimposed on both the (200) and (002) rings are intense
arcs at the equator similar to that of the undrawn state
of Fig. 5.5(b). Reorientation of the undrawn fibrillar
crystals occurs on annealing with the chain axes partially
reoriented normal to film plane. Annealing results in a
more complicated orientation.
Birefringence of both unannealed and annealed gel
film of draw 2. IX, 2.9X and 3 . 7X are shown in Fig. 5.13
(a) to (c) as a function of tilt angle, «. For unannealed
sample, there is only a slight increase of birefringence
with a, indicating a slight departure from isotropy around
the draw axis. On annealing, because of the
reorientation, the samples not only show higher
birefringence but it also increases with tilt angle. The
increase is linear for draw 2.9X up to the angles
measured, but shows a tendency toward reaching a plateau
in draw 3.7X. For the biaxial orientation, the
birefringence at oL = 0° is different from at a = 90°. A
plot of birefringence vs. sin^a is linear and
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Figure 5.13. Birefringence as a function of
tilt angle a for unannealed and annealed drawn
gel. Draw ratio (a)2.1, (b)2.9 and (c)3.7.
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2extrapolation to sin « = 1 niv*« u • * .a i g es the birefringence of the
other axes pair [145]. Although the annealed 2. IX film
shows a linear increase, it is uncertain that this can be
extrapolated to imply biaxial orientation, especially
since the annealed 3 . 7X film shows a non-linear increase.
Therefore, reorientation on annealing produced a much more
complicated overall orientation.
5.4 Conclusion
A Nylon 6 gel was prepared by cooling a 5 wt.% hot
benzyl alcohol solution at room temperature. The gel
showed synerisis and was thermally irreversible at heating
and cooling rates of 2 . 5 and 10°C/min. However, after
prolonged standing at room temperature, the gel was
regenerated. A partially dried Nylon 6 gel film with 20%
solvent deliberately left in it was drawn by co-extrusion
with poly(oxymethylene) as the outer billet at 150° in an
Instron rheometer up to a maximum draw of 5.7x. Tensile
moduli developed were comparable to those obtained in a
similarly drawn solvent-cast Nylon 6 film. The drawn gel
film showed double orientation with one population of
crystals oriented with chain axis in the draw direction.
These crystals originated from the drawn fibrous
morphology. The other crystal population had chain axis
perpendicular to the draw direction and were identified
as the fibrillar crystals that cause gelation. A
deformation mechanism leading to this double orientation
was proposed from the study of birefringence, WAXD and
SAXS. Annealing at 190° c causes reorientation of the
fibrillar crystals resulting in a more complex
orientation.
CHAPTER VI
A NEW DRAWING TECHNIQUE FOR NYLON 6
BY REVERSIBLE PLASTIC I ZATI ON WITH IODINE
6.1 Introduction
Of the important commercial thermoplastics, Nylon 6
is among the most difficult to draw to high ratio and
tensile modulus. Generally, drawing processes result in a
maximum draw of about 5. Comparing this to PE which can
be drawn 250X leading to a remarkable reported tensile
modulus of 222 GPa [3]. The highest reported modulus of
drawn Nylon 6 is 14 GPa [6], only a small fraction of its
calculated theoretical modulus of 262 GPa [2]. Nylon 6,
however, has a high melting point of 225°C; a high modulus
Nylon 6 would therefore potentially have a much wider
temperature range applications than would a high modulus
PE. An advancement in ulta-drawing Nylon 6 thus
represents a challenge. Table 6.1 shows the moduli of
Nylon 6 obtained to date by the various drawing and/or
annealing methods.
The inability to ultra-draw Nylon 6 is largely due to
the presence of interchain hydrogen bonds between adjacent
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amide groups [158]. Hydrogen bond exists in both
crystalline and amorphous regions and has an activation
energy of „« Xcal/mole. These act as guas i-crosslin*s
,
inhibiting the sliding of chains during drawing. Drawing
thus occurs mainly in the softer amorphous phase. With
strain-induced crystallization, drawing is further
restricted.
6 - 2 Drawing with Plastlclzation
special processes have been developed to improve the
ductility of Nylon 6 by destroying the interchain hydrogen
bonds. Polar compounds of low volatility, eg. sulfonated
esters, have been used as platicizers in the drawing of
commercial Nylon fibers [159]. These plasticizers
interrupt the hydorogen bonds and depress both the glass
and melting temperatures to facilitate processing. The
presence of plasticizers in the final fiber is generally
detrimental to its mechanical properties. Ideally, they
should be removed after processing. Zachariades and
Porter [160] developed the use of a reversible plasticizer
to draw Nylons 6 and 11 by imbibing the polymers with
anhydrous ammonia to compete for hydrogen bonds. The
ammonia is vaporized after solid-state co-extrusion at
below the Nylon melting point. Highly drawn Nylon 6 of
12X with tensile modulus of 13 GPa was reported. However,
Plasticxzat.on with ammonia occured only in the amorphous
Phase [160], with crystals still inaccesible to drawing.
Wu and Black [162] plasticized Nylon 66 using dry HC1
gas at dry ice temperature. Under these conditions, the
Plasticized Nylon 66 was rubbery and could be drawn easily
to llx. Degassing was carried out by heating the fiber or
reacting it with dimethyl acetamide. The draw and yield
stresses obtained were however an order of magnitude lower
than the untreated yarn due to substantial amount of
relaxation taking place during degassing.
Lithium salts have also been added to Nylon 6 by
absorption [163], thermal fusion [164] or during
polymerization [165] to form a lithium ligand with the
carbonyl of the amide group, thereby interrupting the
interchain hydrogen bond. The complex formed crosslink
junctions resulting in an increase in melt viscosity and
in this sense is not a true plasticizer. However, the
reduction of its crystallization rate by the formation of
the ligand allowed higher draw. The formation of the
Nylon 6-Li complex enhances the modulus to 2.5 GPa even in
the undrawn state. A high modulus of 14 GPa was reported
for the drawn and annealed Nylon 6/Li salt spun filament
[166].
In this chapter the reversible plast icization concept
is pursued using iodine as a plasticizer for entry in both
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amorphous and crystalline phases.
Nylon 6 is polymorphic and exists in several crystal
forms, the most important of these are the «- and
^crystals. Both have monoclinic unit cell structures
with the difference in the direction of hydrogen bond
between adjacent chains. The
.-crystal has hydrogen bonds
between antiparallel chains whereas the ^-crystal has
bonds between parallel chains. The a-crystals can be
transformed into y-crystals when treated with iodine in
potassium iodide solution and followed by iodine removal
on titration with sodium thiosulfate [167]. The crystal
transformation is complete in both undrawn and drawn Nylon
6, and without a loss of orientation [123]. This crystal
transformation implies that the hydrogen bonds in both the
amorphous and crystalline phases in the intermediate Nylon
6-1 complex must be disrupted to allow chain rotation and
mobility to generate the ^-crystals. With this as a
basis, a method for drawing the Nylon 6-1 complex is
developed. The iodine acts as a reversible plasticizer
and is removed after drawing by titration with sodium
thiosulfate solution to generate the pure drawn Nylon 6 of
controlled crystal forms.
6 . 3 Exper imental
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Nylon 6 film ([t|] = 1.04 dl/g in 85% formic acid) was
used as obtained from Dr. T. Kunugi of the University of
Yamanashi, Japan. The film was 130jum thick: it was
isotropic with no measurable birefringence and of
*
-crystal form. It was found that both the a- and
*-Nylon 6 readily absorbed iodine and both complexes
showed similar drawing behavior. The film was used as it
is for the present study.
The complex was prepared by immersing the Nylon 6
film in a IN KI
3
solution for 48 hours at room
temperature. It was then air dried. Stress-strain
measurements were made with an Instron tensile tester,
equipped with environmental chamber, at strain rate
0.01 min *
. Dynamic mechanical measurements were made
using a Toyo Dynamic Viscoelastometer Model DDV-II.
Thermal analysis was studied using a Perkin-Elmer
DSC-II equipped with a data acquisation station. For the
Nylon 6-1 complex, a stainless steel large volume capsule
sealed with O-ring was used to contain volatalization of
iodine during heating. Weight loss on heating up to 600°C
was measured with a Perkin-Elmer Thermogravimetr ic
Analyzer (TGA) . Both were scanned with a heating rate of
20°C/min.
Gas evolved on pyrolysis of the complex at 250 °C was
trapped in carbon tetrachloride. The trapped species were
identified with a Beckman UV-visible spectrometer. The
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complex film was very dark and was too optically dense for
UV-visible measurement. A partially washed, still
brownish, complex film was used instead.
Wide-angle X-ray scan of the complex was obtained
with a Siemens D-500 dif f ractometer equipped with
scintillation counter, operating at 30 mA and 40 kV, and
using a Cu radiation with Ni filter. Scanning was made
on the undrawn complex and at increasing elongation with a
stretcher attachment in the dif f ractometer at room
temperature
.
Photographic techniques using a Statton flat film
camera with 5 cm sample-to-film distance and a Weissenberg
camera of 57.3 mm diameter were used to supplement the
dif f ractometer data.
6.4 Results and Discussion
6-4.1 Mechanism of ot-V8 Crystal Transformation
Although the tranf ormation of a-crystal of Nylon 6 to
the tf-form by treatment with aqueous KI
3
solution has been
reported as early as 1958 [122], previous studies
emphasized the determination of the newly found jf-crystal
structure [124-128] and on the mechanism in which it is
generated. The proposed mechanisms are reviewed since
this new drawing technique is based on the chain mobility
of the complex outlined in the mechanisms.
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Frayer, Koenig and Lando [167] suggested from the
structural arrangement of the a- and T-Nylon 6 chains,
that if the tight amide folds at the lamellar surface act-
as pivots and with alternating chains in the S-form
rotated 180°
,
the methylene groups will then match
properly. if the amide groups are further twisted in
proper direction to form hydrogen bond between parallel
chains, a ^-structure will be obtained. Such a proposal
involved large scale movement of the chains and the
breaking and remaking of hydrogen bonds, however, it did
not consider the role of iodine in the transformation.
Arimoto [168] proposed a mechanism involving iodine
entering the crystalline region and coordinating with the
oxygen of the amide group to form a complex. Such
coordination destroys hydrogen bonds and the amide group
is preferentially twisted out-of -plane with respect to the
fiber axis. On removing iodine, hydrogen bonds form
between the nearest amide groups in parallel chains giving
a pleated sheet ^-structure
.
An alternate mechanism involving ion was proposed
by Matsubara and Magill [169] from an infrared (IR) study
of the complex. Their study also used
N-methylacetamide-iodine complex as a model and led to the
same conclusion as Doskocilova and Schneider [170] that
the tri iodide ion is coordinated to the nitrogen of the
amide group with protonation of K
+
or H
+ ions at the
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oxygen atom.
The above mechanisms were further reviewed by Abu-Isa
[171] who found that when a thin Nylon 6 film is exposed
to iodine vapor alone, the IR spectrum obtained is similar
to that of the complex obtained from KIg solution
treatment, except in the degree of severity. Complex
formation with iodine vapor alone, though is possible,
proceeds very slowly. This finding suggests that
molecular iodine is capable of complex formation. We are
not aware of further studies to substantiate whether
molecular iodine or if ion is involved in the complex
formation with Nylon 6.
Arimoto [172] also found that when non-polar solvent
KI
3
solution is used, the amount of absorbed iodine was
very much smaller than those in polar solvents at the same
iodine concentration. Matsubara and Magill [169],
however, found that the IR spectra was unaffected. It is
well known that when iodine dissolves in a polar solvent,
it complexes with the solvent to give a brown solution of
I
3
ions in equilibrium with whereas it dissolves in
non-polar solvent to give purple solution of molecular
iodine [171]. From these studies of solvent effect, the
ability of Nylon 6 to absorb strongly and to produce
significant changes in the IR spectra only in a polar
solvent indicates, though not conclusively, that I^ ion
is largely responsible for the complex formation or its
presence kinetically favors iodine absorption.
Even though none of the above mechanisms are
satisfactorily confirmed, it is certain that hydrogen
bonds in both the crystalline and amorphous regions are
interrupted and there is considerable chain mobility in
the Nylon 6-1 complex during the transformation. Using
this idea
r a new reversible plasticizat ion method of
drawing Nylon 6, with the possible unravelling of chains
from previously unaccessible crystalline regions may be
developed to give high draw ratio. Iodine can then be
removed by reacting with sodium thiosulfate solution. The
temperature and solvent used in the reaction determine the
type of crystal, «- or t- formed finally [173]. Using
water/ethylene glycol mixture at below 35°C, ^-crystal is
obtained. Above 50°C, a-crystals are formed, whereas
between 35-50°C, a mixture of both crystals is reported.
The reaction condition can thus be used to control the
type of crystals desired in the drawn Nylon 6.
6.4.2 Stoichiometry of Nylon 6-1 Complex
Many polymers formed complex with iodine. The most
important of these are: polyvinyl alcohol which complexed
with iodine as the first commercial polarizer [174];
starch forms complex with iodine which fits exactly inside
its helical coil to give a blue color as an indicator for
titration [175]; poly(vinyl pyr olidone ) - I complex [176] is
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another important complex used as blood substitute; more
recently, the active research in semi-conducting polymers
studied iodine-doped polyacethylene [177]. There were
numerous studies on the stoichiometry of these
polymer- iodine complexes. However, it is difficult to
draw any specific conclusion as the reported stoichiometry
varies widely. Even the most studied starch-I complex had
become a part of the non-stoichiometry chemistry. Another
problem is the positive identification of the complexing
spec i es
.
Polyiodide was suggested to be the species forming
complex with poly (vinyl alcohol), however, calculation by
Stein and Rundle [178] showed that the complexing species
was molecular iodine polarized by the polymer and arranged
linearly rather than a covalently bonded polyiodide.
Cournoyer [176] studied extensively poly(vinyl
pyrrolidone ) - 1 complex and gave a general stoichiometric
formuala: PVP- ( I ) ( I0~, I~) , where the ratio y/x < 1.5
z x y
depending on the synthesis. This stoichiometry has three
complexing species of iodine, iodide and hypciodite. In
iodine-doped polyacethylene, the main dopants are I
3
~ and
I - ions with variable stoichiometry, (CHI ), where y -
~> Y
0.1-0.3.
For Nylon 6-1 complex, there were fewer studies of
the nature of the complex itself. The interest in the
past was on the ^-crystal structure generated. There were
conflicting ideas on whether the complying species is
molecular iodine or if. Thxs problem is reexamined in
the present study. There was undoubtedly the presence of
molecular iodine in the complex from the present pyrolysis
and UV-visible spectroscopic study. The complex stained
when it came in contact with another object. There are
probably excess iodine absorbed, not participating in the
complex formation and therefore are mobile for migration
causing staining.
The Nylon 6-1 complex film was very dark and too
optically dense for UV- visible spectroscopy. The film
was partially washed with deionised water to a light brown
film and dried. Fig. 6.1 shows the UV-visible spectra
obtained. Two strong absorption maxima occurs at 290 and
356 nm which are characteristic of I ~ ion [179].
Magnification of the spectra at 500-600 nm region shows a
very weak shoulder at -530 nm of iodine
. Raman
spectroscopy also showed absorption of the asymetric I
"
3
peak at 108 cm
-1
[180]. A very weak peak at 162 cm" 1
could be observed, which fell within the I-" 155-165 cm" 1
Raman band for starch- and poly (vinyl alcohol)
-I
complexes. The presence of this band suggests that some
of the iodine present could complex with I ~ to give I ~ .
When the Nylon 6 film was immersed in KI
3
solution,
it turned dark immediately with noticeable swelling. It
was reported in a 5 /A-m thick film, formation of complex
L7S
Figure 6.1. UV-visible spectra of a Nylon 6-1
complex film partially washed with water.
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was complete in <30 sec as observed from the shift of the
IR
-NH 3300 cm" 1 band [171]. Fig. 6.2 shows the % weight
gain as a function of time when a 130 m thick Nylon 6
film was immersed in a 1 N aqueous KI3 solution. Weight
gain increased rapidly to
-165% after 1 hr treatment
.
Weight gain was reported to depend on both the
concentration and the solvent of the KI
3
solution [172].
There is a critical concentration, 0.1 mol/1 for aqueous
KI
3
solution, below which absorption was slow and
equilibrium weight gain was <30%. Above 0.2 mol/l f the
effect levelled off and further increase in concentration
did not produce significant change in equilibrium weight
gain. At any equivalent concentration, Nylon 6 absorbed
more in a polar solvent than in a non-polar solvent.
Table 6.2 shows the dimensional changes on swelling
and after drying of the complex. On absorption, the film
swelled with the most prominent increase in thickness,
58.1%. The length and width swelled to a much lesser
extent with the total volume increase of 94.5%. On
drying, the length and width recovered to near original
dimensions but there was still ~30% increase in thickness
Weight loss of the complex on heating in a TGA is
shown in Fig. 6.3. Both weight loss of pure iodine
crystals and the untreated Nylon 6 film are included for
comparison. Iodine crystals sublimed at ~50°and is
completely volatalized at 130°C. The Nylon 6 film showed
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thermal stability up to 370°C and lost weight rapidly on
further heating, turning to ash at 500°c. The Nylon 6-1
complex showed two temperature zones of weight loss. The
two zones are not well developed when the % absorption of
iodine is small, <29%, but become more distinct when %
absorption increases. The first temperature zone occured
between 70 and 320°C . For the complex with 28.7%
absorption, weight loss began at 70°C and continued
gradually in this temperature zone until 320°C, where zone
2 began with a sharp loss in weight. It levelled off
at ~400°C with a total loss of 84.4% which is more than
the initial % absorption. Therefore, the bulk of weight
loss in zone 2 must include Nylon 6. The degradation
temperature of Nylon 6 is lowered, likely due to the
interruption of the interchain hydrogen bonds. With
increasing % absorption, the % weight loss in zone 1
increases and reached a limit of ~30%. There is also a
gradual shift in the onset of zone 2 temperature to a
slightly lower temperature of 300°C, and a decrease in
total weight loss as tabulated in Table 6.3.
Pyrolysis of the complex was carried out at 250°C,
zone 1 of the TGA curve. The gas evolved was trapped with
a non-polar solvent of carbon tetrachloride which turned
purple. Fig. 6.4 shows the UV-visible spectra of the
solution with a broad maxima at 525 nm characteristic of
molecular iodine. No absorption maxima of was
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detected. it was therefore concluded that weight loss in
zone 1 is due to iodine alone. The amount of iodine
absorbed in this zone at equilibrium is high, 29.8%,
almost half of what is being absorbed. I
If weight loss in zone 1 is from the molecular
iodine; weight loss in zone 2 is from the complexed I
'
3
ion and the remainder at high temperature zone above 500°.
is KI
3
salt, from mass balance, the stoichiometry of the
Nylon 6-1 complex is (Nylon & )
U
3
~)
0 . 24 (
I
2 ) Q ^ 35 at the
equilibrium absorption. The amount of K+ ion in this
stoichiometry is calculated to be 3.05% by weight.
Microanalysis of the complex from atomic absorption gave
the K+ ion content of 4.4%, which is reasonably close to
calculation. Furthermore, the amount of KI in this
stoichiometry is 31%, residue in TGA at high temperature
is a close 29%.
From the above studies, it is most probable that I
~
is the main species involved in the complex formation.
Molecular iodine which is in equilibrium with I ~ in the
aqueous KI
3
solution is absorbed at the same time. Some
may have complexed with I
3
to give I
5
or participated in
the Nylon 6-1 complex formation as shown by the weak 530
cm ^ shoulder in UV-visible spectra. The majority
absorbed do not form complex and can be easily removed by
washing with water or on pyrolysis at a low temperature of
100°C.
Table 6.2
Dimensional Changes in Nylon 6 Film on Absorption
in KI Solution
Percent
After 48 hr.
Immersion
Increase
After Drying
Length
Width
Thickness
Vo 1 ume
10.0
14.0
58.
1
94.
-1.3
2.1
29.6
27.5
Table 6.3
Weitht Loss of Nylon 6-1 Complex on Heating
in a Thermal Gravimetric Analyser
(1)
Absorption
wt. %
28.7
36.3
45.0
51.8
57.5
61. 7
62.6
(2)
Total Loss
wt. %
84.4
84.0
80.0
77.5
76.5
75.5
71.0
(3)
Zone 1
% Loss
6.5
9.0
12.0
14.5
21.5
29.0
29.8
(4)
Zone 2
\ Loss
78.3
75.0
68.0
63.0
55.0
46.5
41.2
(D-(3)
22.2
27.3
33.0
37.3
36.0
32.7
32.8
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6
- 4 - 3 Drawing and Mechanical Propyl- i»c
The wet complex film immediately after treatment in
aqueous KI3 solution is swollen and soft. it can be
easily stretched by hand and shows necking. A
stress-strain curve of such film tested with an Instron
tensile tester at room temperature is shown in Fig. 6.5.
It has a very low yield stress of 5 MPa and necks at 20%
elongation. It strain hardens on further stretching and
breaks at 550% elongation with a strength of 16 MPa. it
is remarkable to note that complexing with iodine changes
drastically the drawing behavior of Nylon 6 to a rubbery
intermediate complex. A stretched, wet film, on releasing
the load, will retract slightly from elastic recovery and
contraction from deswelling on solvent evaporation.
A dried complex film is however very much stiffer.
To help determine the temperature range for effective
drawing, dynamic mechanical properties were measured with
a Rheovibron at three different frequencies of 11, 35 and
110 Hz. Plots of dynamic mechanical loss tan S results
are shown in Fig. 6.6. The curves at 3 5 and 110 Hz are
displaced vertically for visualization. Two loss peaks
are found for the complex. A small peak occurs at ~40°C,
its maxima does not shift appreciably with change of
frequency. The second loss peak is of much higher
magnitude, with maximum tan 8 of 0.2. The maxima occurs
at 41°C at 11 Hz, increasing to 53°C at 110 Hz. Up to
185
the
60 C, the results are reversible, however, above 80°C,
complex shows irreversible viscous flow.
in an untreated *-Nylon 6, dynamic mechanical study
gives three relaxation peaks [181]. The
highest
.-relaxation is the glass transition, Tg
, which i a
80-90°C. Tg of Nylon 6 is strongly influenced by the
presence of water which can drastically reduced it.
^-relaxation occurs at
~-40°C and is associated with the
presence of water. its magnitude decreases when water
content in Nylon 6 is reduced. The ^-relaxation of
crankshaft motion of the methylene chains in the amorphous
phase at ~-120°C is, however, not observed for the
complex. Thus, comparing the dynamic mechanical
properties of the complex with that of *
-Nylon 6, the
relaxation temperature at 41°C of the complex must be
the a-relaxation which has been depressed by the
plasticizing effect of iodine and the presence of some
water as is evidenced from the appearance of a small
^-relaxation peak at
-40°C. The a-relaxation of the
complex is also detected in a DSC which shows prominent
second order transition at a lower temperature of 32.5°C,
Fig. 6.7. Above 40. °C, iodine sublimed giving an
endotherm which formed a continuation of the second order
transition.
From the maxima of tan S curves, log f (frequency) is
plotted against the reciprocal relaxation temperature,
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1/T, Fig. 6.8 to give the Arrhenius activation
energy.^ o£ 17 kcal/mole
. Kunug . ^ ^ ^ ^
stress relaxation of oriented Nylon 6, the Arrhenius plot,
of shift factor were represented by two straight lines
having a break point at 80-110'c, corresponding to the
temperature of the breakdown of interchain hydrogen bonds
in the amorphous region. 4H
a
above this temperature range
was 17 and 33 kcal/mole for Nylon 6 drawn 3 and 4 fold
respectively, a value of 34 kcal/mole was also reported
by Hoashi and Andrew [181] . The measured 4H for the
complex is low compared to the reported values. This
low A H
a
implies greater molecular chain mobility. By
analogy, this must be resulting from the plasticizing
effect of iodine with the interruption of intermolecular
hydrogen bonds.
Fig. 6.9 shows the stress-strain curves of Nylon 6
and its iodine complex at temperatures below and above
the a-relaxation. The solid lines are Nylon 6 which shows
high yield stress of 55 MPa and breaks at 180% elongation
at room temperature. Increasing the draw temperature to
55°C lowered the yield stress but did not increase the
elongation at break appreciably. At room temperature, the
yield stress of the complex is comparatively low, 24 MPa,
and decreases with increasing temperature. At 55°C, the
complex shows rubbery behavior and elongates to 790%
before breaking. This is a much higher draw than possible
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Figure 6.7.
the Nylon 6
DSC scans on heating and cooling
-I complex at 20* C/min.
Figure 6.8. Arrhenius plot of Log f (frequency)
vs. 1/T for undrawn Nylon 6-1 complex.
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for an untreated Nylon 6. Drawing behavior at 55 °c is
very similar to drawing of the wet complex at room
temperature (Fig. 6 . 5) except in the higher elongation at
brea*. Thus the presence of water provides an additional
plasticizing effect. Above 80°c, the complex exhibits
viscous flow, although it could be easily stretched up to
14X, drawing does not produce significant orientation.
Table 6.4 lists the modulus, % crystallinity from DSC
and crystal orientation function. f<; obtained from complex
drawn and washed under fixed length with sodium
thiosulfate solution at room temperature. Removal of
iodine under this condition gives if-crystal. The
orientation function was obtained from the aximuthal scan
of the (020) reflection in a wide-angle X-ray
diffractometer. Orientation produced is high with
f
c
>0.978. For a perfect orientation, f - 1. For
c
drawing at room temperature, draw ratio and modulus
obtained are comparable to reported values from drawing at
elevated temperature. Drawing at 55°C gives higher draw
of 7.5 X with relatively high modulus of 6.0 GPa. %
crystallinity in all cases increases by 15-27% from the
27% crystallinity of initial untreated Nylon 6.
6.4.4 X-Ray Diffraction Studies
Wide-angle X-ray diffractometer scan of the undrawn
complex is shown in Fig. 6.10. A single weak, broad new
194
Figure 6.10. WAXD scans of an undrawn Nylon 6-1
complex and at increasing draw ratio at room
temperature
.
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peak at 29 = 5.3° (d-spacing - 1.67 nm) is obtained. This
new peak is observed for the complex regardless of the
starting Nylon 6 being or or y-form. In <*-Nylon 6, strong
(200) and (002 +202) diffraction occurs at 2 9 = 20.2 and
24.0° respctively, and tf-Nylon 6 has (200) and (002)
diffractions at 2 9 = 21.8 and 22.7° respectively. All
these crystalline peaks are absent in the complex and is
proof for the disruption of crystallininty by iodine or
I
3
ion which seems to enter into both the amorphous and
crystalline phases, likely due to the ability to complex
with the amide groups as a driving force.
On drawing the complex, weak diffraction peaks appear
at 2 9 - 11.43° and 22.93°. Neither of these two new
peaks are related to the crystalline peaks of the parent
Nylon 6. Their intensities increase with drawing,
becoming very strong at draw ratio 4. The low angle peak
at 2 9 - 5.3° also shifts slightly to a higher angle of
5.6°. The appearance of these new diffraction peaks is
unique for the Nylon 6-1 complex, whether an initially a~
or Y-Nylon 6 is used. Thus the complex has a unique
structure of its own. From the d-spacings, the
22.93° peak is a second order diffraction of the
11.43° peak. This diffraction has also been observed for
both iodine-doped cis- or trans-polyacethylene and is
characteristic of iodination [180]. The spacing was found
to be reasonably close to the sum of the spacings of the
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most intense diffractions in the precursor polyacetylene
and the van der Waals diameter of iodine, and was
suggested to be the interplanar spacing between iodine
layer separated by a close-packed plane of polyacethylene
.
However, we observe more diffractions for the drawn Nylon
6-1 complex to index differently.
The appearance of the low angle peak in the undrawn
complex at 2 9 = 5.3° is significant. It has a d-spacing
of 1.67 nm and provides intermolecular chain information
without going into a more detailed radial distribution
function. Taking the van der Waal radii of the methylene
groups in the Nylon 6 chain as 0.20 nm, and the van der
Waals radius of iodine or ionic radius of I ~ as 0.215 nm
[183], the packing of iodine between Nylon 6 chains give a
dimension of 0.84 nm. If this is repeated at the next
adjacent chain, the total dimension would be 1.66 nm,
close to the observed d-spacing. An alternating
arrangement of iodine or I^ and Nylon 6 chains can be
surmised
.
Intercalation of iodine or I^ ion between chains
would most likely have occurred between the hydrogen bond
planes. For a a-Nylon 6, this is the (001) plane with
c-axis 0.801 nm, for tf-Nylon 6, this plane is (100) and
a-axis is 0.933 nm. When iodine or I 3 ions are
intercalated between the hydrogen bond planes, the c-axis
of a-Nylon 6 will expand to 1.661 nm and the a-axis of the
1tf-Nylon 6 will expand to 1.793 nm. The first dimension is
close to the observed d-spacing while the latter is
greater by 0.123 nm. The *-Nylon 6 structure is not as
closely packed, with packing density of 0.707 compared to
0.75 for the a-crystal [42]. Since the same d-spacings
are observed for both their complexes and therefore
possibly same complex structure, the complexing of iodine
or I
3
ion with the tf-Nylon 6 amide groups could cause
closer packing and a slight reduction in the van der Waal
radii, and therefore a smaller dimension for the expanded
a-axis as would be expected from simple addition.
Therefore intercalation between the hydrogen bond planes
is very likely in the complex formation. Since there is
only one weak reflection indicating lateral packing of
iodine alternating between Nylon 6 chains, the undrawn
complex has a mesomorphic structure.
Fig. 6.11 shows the rotation photograph of a complex
drawn 4X. Three layer lines are found with a fiber
identity period of 0.833 nm. This is almost half the
repeat distance in the unit cell chain axis and therefore
equivalent to one monomer unit. Using standard bond
angles and distances, a fully extended planar ziz-zag
Nylon 6 monomer unit is 0.87 nm. Rotation of the amide
group about the C'-C bond in -C'-CO-NH- out-of -plane by
69° gives this observed identity period. This rotation i
2° more than that reported for a tf-Nylon 6 [168]. The
Figure 6.11. (a) Rotation photograph of a Nylon6-1 complex drawn 4X and (b) schematic showingdetails of observed reflections.

Table 6.5
Comparison of Observed and Calculated d-Spacings
for a Nylon 6-1 Complex Drawn 4X
(hkl) d-Spacing (nm)
Observed Calculated Intensity
100
300
001
002
003
004
110
210
0
310
120
021
1
11 J
.556
.520
.773
.388
.258
. 194
.743
.569
.441
.409
.366
1.557
.520
.773
.387
.258
. 193
.735
.569
.567
.440
.402
.366
m
w
vs
s
w
vw
m
w
w
w
vw
* vs=very strong, s=strong, m=medium, w=weal
vw=very weak
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Figure 6.12. Space filling model of one quarter
of the proposed structure for Nylon 6-1 complex
in the a-c plane, showing iodine intercalated
between Nylon 6 chains.
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observed reflection can be indexed with a monoclinic unit
cell with axes a-1.72 », b-0.833 nm, c-0.852 nm and
P-115° (Table 6.5). The a-avi<, „<= t un axl3 o£ the originaDT-Nylon 6
expands to accomodate the intercalation of iodine or ij"
ion. Because of complex ing between amide groups with
iodine or ,3"
,
the amide group Is twisted out-of-plane,
shortening the chain axis and changing the Interaxial
angle. Fig. 6.12 shows a space filling model of one
quarter of the unit cell vxewed in the a-c plane, when
the setting angle of the Nylon 6 chain is s\ iodine with
van der Waal radius of 0.215 nm can be accomodated easily
between the chains.
The undrawn complex shows lateral order with
mesomorphic structure. On drawing, the complexed chains
are forced to align giving a more clearly defined
structure with definite fiber identity period. Iodine,
being a heavy atom, is a very strong scatter er and
dominates the observed intensities. Higher order
reflections are observed indicating a high degree of
regularity in the intercalated iodine. Here we do not
observe the 0.3 nm periodicity of polyiodide ion as
reported for poly(vinyl alcohol)
-iodine complex [174] and
iodine-doped polyacethylene [184]. The intercalated
structure proposed here can be found in many complexes.
An example is the detailed structural study of
benzamide- iodine complex [185] which has I^' ion inserted
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between the benzamide dimers. The rigid-rod
poly(phenylene ter ephthalamide
) [186] which also has
hydrogen bond sheets similar to Nylon 6, forms crystal
solvates with sulfuric acid molecules intercalated between
the hydrogen bond planes. The present proposed structure,
though without in-depth study such as exploiting the
possibility of the heavy iodine atom to do Patterson
mapping to locate its exact position, does depict the
structure developed during strain-induced crystallization
of the complex.
6-4.5 Application to Other Nylons
The reversible plasticization technigue proposed here
can also be potentially applied to other Nylons. Arimoto
[187], Matsubara and Magill [169] had extensively studied
complex formation of several series of Nylons. They found
that crystal transformation occurs only for even-odd,
odd-even and some w-amino acid type of Nylons (Table 6.6).
These Nylons thus have potential application of the
reversible plasticization drawing technigue. Even though
crystal transformation may not have occurred for some of
the Nylons, as long as iodine or I
3
~ are capable of
complexing with the amide groups, interrupting hydrogen
bond, this technigue may then be applicable.
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Table 6.6
on
Crystal-Crystal Transformation of Other AliphaticNylons by Treatment in a KI Soluti
3
even-even
even-odd
odd-even
odd-odd
type
Polyamides* Before After
210, 66, 68, 610, 86, 88 a a
106, 1010
29, 49, 67, 69, 109 a Y
65 6 Y
56, 76, 78, 710, 96 a Y
7, 59, 77, 79, 97, 99 y Y
4, 7, 9, 11 a a
10, 12 y Y
6, 8 a Y
* Results compiled from references 169 and 187.
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6 . 5 Conclusions
A new drawing technique for Nylon 6 by reversible
plasticization with iodine is proposed. A 130 m thick
Nylon 6 film was immersed in a IN aqueous KI3 solution for
48 hours. TGA and UV-visible spectroscopy studies show
that the main complexing species is likely to be I ~ ion
with a stoichiometry of (Nylon 6) ( 1
3
~
) Q ^( I^^. The
complexed film was drawn at temperatures between 23 and
55°C, corresponding to temperatures below and above
the a-relaxation temperature as determined from v
Rheovibron. At 55°C, the complexed film showed rubbery
behavior with low yield stress and high elongation at
break of 790%, therefore, a much higher draw is possible
for Nylon 6. The draw film was washed with sodium
thiosulfate solution at room temperature to remove the
absorbed iodine, giving a highly oriented tf-Nylon 6 with
f
c
> 0.978. Wide-angle X-ray showed crystallinity of
original Nylon 6 was destroyed with the development of new
diffraction peaks, an evidence of plasticization of both
the amorphous and crystalline phases. The complex showed
strain-induced crystallization giving new diffraction
peaks corresponding to a monoclinic structure. The a-axis
expanded to 1.72 nm, a dimension big enough for iodine or
1 2 to intercalate between the Nylon 6 chains.
CHAPTER VII 2
FUTURE WORK
The problem on melting and r ecrystallizat ion during
deformation of semi-crystalline polymers remains unsolved.
The present study shows that CEPE does not melt during
deformation. It can be argured that this morphology has
too few entanglements and therefore does not represent the
profusely interconnected chain-folded lamellae during
deformation. It is suggested here as a future work, that
an ultra-high molecular weight PE of >10 6
, with the
4
<10 fraction, removed by fractionation, be crystallized
into chain-extended lamellae to give an average of 20 to
30 folds per chain, duplicating the fold surfaces of a low
molecular weight HDPE, Alathon 7050, lamellae with 20 to
30 nm long period. Comparing their SAXS will give a more
definitive conclusion.
Plast icizat ion of Nylon 6 with iodine gives an
interesting and relatively unexplored new complex. Iodine
itself is antiseptic and is free to migrate out from the
complex as observed from its staining property. One
possible future study is to explore the practical
application of the slowly releasing antiseptic property of
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iodine. An example of such a complex being used medically
is polyvinyl pyrollidone ) - 1 complex, which has a similar
functional group to Nylon 6. The new drawing technique
also has potential applications to others in the series of
aliphatic Nylons, as discussed in Section 6.4.5. An
advantage would be to use in the drawing of Nylon 4, which
degrades during melt spinning.
More important in this study is that it shows how
simple polar compounds can be used to interrupt hydrogen
bonds in Nylon crystals, changing its properties to the
advantage of processing. This provides a new area of
study of drawing through reversible chemical modification
of the polymer. Phenol is another potential compound for
such study in Nylons [181]. Another interesting
modification of both aliphatic and aromatic polyamides is
the adducts formed with perfluoro diacids, as reported by
Aharoni and Wasserman [188]. Further research into the
chemical interactions of polyamides will probably provide
new ways of drawing through reversible chemical
mod if icat ions
.
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